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CHAPTER 1 
 
 
INTRODUCTION 
 
 
High-manganese austenitic transformation- and twinning-induced plasticity (TRIP/TWIP) steels 
are a new class of advanced high strength steels (AHSSs) that have received significant research 
interest over the last decade owing to their superior combination of strain-hardening, strength 
and ductility compared to other types of steel [1] [2] [3] [4] [5] [6] [7] [8] (see Figure 1-1). The 
automotive industry is highly interested in these steels as a means to reduce vehicle weight 
(through down gauging), increase crash worthiness and improve manufacturing efficiency 
through better room temperature formability. The performance requirements of structural 
automotive components are largely being driven by more stringent fuel economy and safety 
requirements. New corporate average fuel economy (CAFE) standards will require the average 
fuel economy of a manufacturer’s fleet of cars and light trucks to be 54.5 miles per gallon (MPG) 
by 2025 [9]. Increasingly rigorous crash requirements, like the Insurance Institute for Highway 
Safety (IIHS) offset frontal impact test [10], require materials that can dissipate large amounts of 
energy during crashes in order to protect vehicle occupants.  While lighter-weight materials such 
as Aluminum and Magnesium will play a role in meeting these requirements, AHSSs currently 
offer substantial cost savings over the aforementioned materials and are the preferred material to 
meet these targets [11]. Figure 1-2 shows the estimated production costs/savings associated with 
reducing vehicle mass with several types of material solutions. AHSSs are currently the only 
material which can reduce vehicle mass and production costs simultaneously. In fact, several 
automotive manufacturers, such as Volkswagen [12], have begun replacing aluminum with 
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thinner gauge AHSS to retain weight savings while lowering costs. The multinational steel 
manufacturer POSCO has recently produced the first commercially available high-Mn TWIP 
steel [13] proving that these materials have the potential to play an important part in automotive 
design in the coming years. However, there are still many aspects of these steels and their unique 
deformation mechanisms that are not well understood. Further research is necessary to ensure 
TRIP and TWIP steels become a major part of the solution to the challenges of the automotive 
community. 
 
 
Figure 1-1 – Maximum elongation to failure in tension as a function of ultimate tensile strength (UTS) 
for several types of structural steels. 
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Figure 1-2 – Comparison of production costs and mass reduction for automotive designs based on 
different material solutions [11]. 
 
 
1.1 Deformation Mechanisms of TRIP and TWIP Steels 
 
Transformation and twinning-induced plasticity steels are metastable and include high quantities 
of Mn in the range of 18-30 wt.% that allows for retention of the austenitic structure at room 
temperature (RT). Alloying additions of Al, Si, Cr, C and N are made to optimize mechanical 
properties [14] [15] [16] [17]. The primary reason for the excellent ductility and strain-hardening 
of high-Mn TRIP and TWIP steels are deformation mechanisms subsidiary to dislocation glide 
[4]. During straining of these materials, the austenite deforms by dislocation glide together with 
secondary deformation mechanisms including αbcc/εhcp-martensite formation and/or mechanical 
twinning [18]. These secondary deformation mechanisms are displacive transformations in that 
they are diffusionless and occur by the cooperative movement of many atoms [19]. They result in 
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transformation or re-orientation of the crystal structure in the case of martensite or mechanical 
twinning, respectively. On a micro scale, the martensite platelets and mechanical twins act as 
planar obstacles to dislocations gliding on non-coplanar slip systems. As the material begins to 
neck, secondary deformation mechanisms will preferentially occur in these volumes and locally 
harden the material. The hardening mechanism is considered to be a dynamic Hall-Petch effect, 
where strain-induced features like martensite and mechanical twins increasingly refine the grain 
structure as deformation progresses [5] [20] [21] [22] [23] [24] [25] [26] [27] [28]. As local 
volumes of the sample harden via this mechanism, further deformation will occur in other 
regions of the specimen with lower flow stress and the process repeats itself. The result is high 
strain-hardening rates which prevent local necking and lead to long uniform elongations, 
generally of ~60 to 80% [2]. In addition, since the entire volume of the specimen takes part in the 
deformation, high energy absorption is also achieved.  
 
The possibility that mechanical twins could act as barriers to dislocation glide was first shown in 
the Fe-20/32Mn-0/5Cr-0.01/0.48C (wt.%) system by Remy and Pineau [29] in 1977. The authors 
noted increased work-hardening rates in alloys that exhibited ε-martensite transformation and 
mechanical twinning. Their work also suggested that the formation of ε-martensite and 
mechanical twinning were strongly related to temperature and stacking-fault energy (SFE), 
showing that ε-martensite occurred for SFE values below 11 mJ m-2 while mechanical twinning 
was active from about 5 to 40 mJ m-2. Remy determined a SFE of 11 mJ m-2 at room temperature 
(RT) for an Fe-20Mn-4Cr-0.5C alloy by measuring the size of extended dislocation nodes with 
transmission electron microscopy (TEM). The Fe-20Mn-4Cr-0.5C alloy exhibited both ε-
martensite and mechanical twinning. Kim et al. [28] studied the strain-hardening behavior of an 
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Fe-30Mn-5Al-0.3C low temperature alloy from -196°C to room RT. For this composition, the 
ultimate tensile strength (UTS) and ductility were the greatest at -196°C (1150 MPa and total 
elongation of 60%) where mechanical twinning was most intense. Conversely, the UTS and 
ductility were the smallest at 25°C (750 MPa and total elongation of 35%) where mechanical 
twinning was least intense. The authors specifically attributed the excellent ductility at low 
temperatures to the prevention of local necking by preferential mechanical twinning. Increases in 
deformation temperature reduced the amount of mechanical twinning and consequently, the 
strength and ductility. A follow-on study by Kim et al. [30] to investigate the influence of Al 
content on Fe-30Mn-xAl-0.1Nb-0.3C (x=0, 1, 2, 3, 4 and 5wt.%) steels showed that additions of 
Al up to 5wt.% improved the ductility at -196°C. Conversely, the Al-free alloy exhibited the best 
ductility at RT. Qualitatively, this observation may be understood in that reducing the aluminum 
content caused a strong decrease in the SFE [15] while increasing the temperature increased the 
SFE. These competing influences on the SFE would likely result in similar SFE values (which 
are optimal for mechanical twinning) for the Al containing alloy at-196°C and the Al free alloy 
at RT. The studies by Remy and Pineau [29] and Kim et al. [28] [30] demonstrated that by 
tailoring the alloy composition, the activation of ε-martensite or mechanical twinning could be 
obtained in the desired temperature ranges. 
 
The work of Frommeyer at the Max-Planck-Institut für Eisenforschung in Dusseldorf, Germany 
(Grässel et al. [1] [2] and Frommeyer et al. [31] [32]) from 1997 to 2006 is largely 
credited with renewing interest in these materials [11]. This research group studied the 
microstructure and mechanical properties of several different Fe-15/20/25/30Mn-3Al-
3Si TRIP and TWIP alloys that exhibited αbcc/εhcp-martensite formation and/or mechanical 
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twinning. The alloy which displayed the best RT elongation (Fe-25Mn-3Al-3Si) also showed the 
most intense mechanical twinning with no strain-induced ε-martensite (detectable by x-ray 
diffraction (XRD)). As the Mn content was reduced the secondary deformation mechanisms 
changed from mechanical twinning to martensite formation which increased the strength and 
reduced ductility. Correspondingly, increasing the Mn content from 25 to 30 wt% caused a slight 
reduction in both strength and ductility. Additions of Mn influence the plasticity mechanisms and 
mechanical properties indirectly through changes in the SFE since Mn has a negligible effect on 
solid solution hardening [6]. The authors concluded that the greatest ductility was achieved due 
to strong mechanical twinning and the absence of εhcp-martensite. The authors also suggested that 
a SFE energy above ~20 mJ m-2, calculated by the regular solution model, was sufficient to 
prevent the formation of εhcp-martensite. While both TRIP and TWIP alloys exhibit exceptional 
ductility, the elongation of TWIP alloys is usually greater. This may be caused by the 
reorientation of the austenitic matrix by twinning which can result in more favorable orientations 
for dislocation glide and is termed “texture softening” [33]. Allain et al. [34] also studied the 
different mechanical behavior associated with ε-martensite formation, mechanical twinning, and 
pure dislocation glide by deforming an Fe-22Mn-0.6C alloy at -196, 25 and 400°C. At RT the 
alloy deforms by dislocation glide and mechanical twinning and exhibits substantially better 
ductility than the other two test temperatures. The authors calculated the SFE and suggested that 
ε-martensite forms below 18 mJ m-2, mechanical twinning between 12 and 35 mJ m-2, and only 
dislocation glide above 35 mJ m-2. Saeed-Akbari et al. [35] developed a sub-regular 
thermodynamic model for predicting SFE and suggested a similar SFE value of 20 mJ m-2 as a 
target to achieve optimal mechanical twinning and suppress ε-martensite formation. The ability 
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to estimate the SFE through thermodynamic models has made it possible to design alloys that 
have specific deformation mechanisms and mechanical properties. 
 
In the last decade or so research on TRIP and TWIP steel had primarily focused on the Fe-Mn-C-
(Al), Fe-Mn-Cr-N and Fe-Mn-Al-Si systems. TWIP steels containing C exhibit superior flow 
stress as illustrated by the comparison of true-stress vs. true-strain curves of Fe-20Mn-1.2C and 
Fe-28Mn-2.8Al-3.5Si steels in Figure 1-3. Idrissi et al. [36] analyzed the structure of the 
mechanical twins in each alloy and found that twins in the C-containing alloy were thinner and 
contained a much larger amount of sessile dislocations. The authors suggested that in the context 
of the strain-hardening model proposed by Gil Sevillano et al. [37], which emphasizes the 
importance of twin thickness, that the critical stress required for plastic deformation of the twin 
lamellae will be greater in the C containing steel. In addition, Adler at al. [38] pointed out that 
the shear of atoms due to mechanical twinning will move atoms which are normally situated 
above unoccupied tetrahedral sites to positions above octahedral sites normally occupied by C, 
converting octahedral sites to tetrahedral. If carbon atoms in the octahedral sites become trapped 
(upon conversion to a tetrahedral site) a lattice distortion could ensue and cause an additional 
hardening mechanism [38]. Some atom probe tomographic (APT) studies have shown that C has 
a propensity to segregate to twin boundaries in Fe-Ni-C and Fe-C-Mn-Si alloys [39] [40]. 
However, a more recent study investigated the same bundle of mechanical twins in an Fe-22Mn-
0.6C alloy using scanning transmission electron microscopy (STEM) and APT and found no 
evidence of C or Mn segregation at the twin boundaries [41].  
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Figure 1-3 – Room temperature true stress vs. true strain curves and work hardening rate (dσ/dε) (inset) 
vs. true stress for Fe-20Mn-1.2C and Fe-28Mn-2.8Al-3.5Si alloys [36]. 
 
The microstructural and texture evolution Fe-22Mn-0.6 C TWIP steels has been studied in depth. 
Barbier et al. [42] showed that during deformation the volume fraction of grains oriented with 
<111> in the tensile direction increases substantially (from 20% in the recrystallized condition to 
50% at failure) and that mechanical twinning was more intense in grains with <111> in the 
tensile direction, consistent with the highest Schmid factor for twinning. The influence of the re-
orientation of the matrix by mechanical twinning on the texture was found to increase the 
amount of grains oriented with <100> in the tensile direction slightly. Gutierrez-Urrutia et al. 
[21] also noted strong twin formation in grains oriented with <111> in the tensile direction and 
general compliance with Schmid’s law but only for true strains below 0.3. This work also noted 
that decreasing the grain size from ~50 to 3 μm reduced the activity but did not completely 
suppress mechanical twinning. Gutierrez-Urrutia and Raabe [14] investigated the dislocation and 
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twin substructure evolution using electron channeling contrast imaging (ECCI). At the earliest 
stages of plastic deformation (below 0.1 true strain) the microstructure was comprised of 
dislocation cells. The authors noted that mechanical twinning is not responsible for the initial 
inflection of the strain hardening rate (occurring at ~0.06 true strain) in TWIP steels as was 
previously thought by Barbier et al. [42]. Instead, the influence of mechanical twinning on the 
strain-hardening becomes significant after 0.1 true strain. From strains of 0.1 to failure the grains 
exhibited 3 different types of microstructures based on orientations with <111>, between <111> 
and <100>, and <100> parallel to the tensile direction. Grains in the <111> orientation exhibited 
mechanical twinning on multiple slip systems. Grains oriented between <111> and <100> 
contained mechanical twinning in one slip system corresponding to the highest Schmid factor. 
The microstructures of grains in the <100> orientation were dominated by dislocation cell (DC) 
structures where the cell size became smaller with increasing strain, highly dense dislocation 
walls (HDDWs), and minimal twinning activity.  The authors quantified the contribution of each 
type of grain to the flow stress. 
 
A noticeable difference in the flow stress of the Fe-Mn-C steel in Figure 1-3 is the presence of 
serrations in the stress-strain curve. The serrations are thought to be dynamic strain ageing 
(DSA) caused by point-defect complexes: C-vacancy complex, C-C complex and C-Mn complex 
instead of long range diffusion of C atoms to dislocation cores [43]. The DSA causes the 
deformation of Fe-Mn-C TWIP steels to be localized in deformation bands which cross the 
specimen [6] [44]. DSA in these materials causes several undesirable effects including limited 
post-uniform elongation [6], a negative strain-rate sensitivity [4] and surface roughness which 
can be difficult paint [45]. The addition of small quantities of Al (1.5 and 2.5 wt.%) to Fe-18Mn-
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0.6C steel has been shown to effectively suppress the DSA at RT, lower the sensitivity to 
delayed fracture [11], slightly increase the yield strength due to solid solution hardening, and 
cause a moderate reduction in work-hardening and ductility due to a higher-than optimal SFE 
[46]. Therefore, in the last few years the influence of Al additions to TWIP steels has garnered 
significant attention [18] [47] [48] [46]. Jeong et al. [16] recently reported on the influence of Si 
additions to Fe-18Mn-0.6C steel and found that it suppressed DSA similar to Al but has the 
beneficial effect of increasing the work hardening rate. The authors attributed the better strain-
hardening to a reduction in SFE due to Si additions which increased the formation of mechanical 
twins during deformation. Finally, a review of computational thermodynamic methods for the 
calculation of SFE on FeCrMnN alloys has recently been published by Mosecker and Saeed-
Akbari et al. [17], suggesting increasing interest in TWIP steels with increased corrosion 
resistance. 
 
1.1.1 Stacking Sequence in Close Packed Materials 
 
In close-packed materials the stacking sequence of close-packed planes is ABCABC (for FCC 
materials) or ABAB for (HCP) materials. The differences in these structures are illustrated 
schematically in Figure 1-4. The atomic structure in each close packed plane is the same for FCC 
and HCP with each atom having six nearest (in-plane) neighbors as depicted in Figure 1-4a. The 
next layer is stacked above the voids in the structure in one of two orientations as shown in 
Figures 1-4b and c. The third plane of atoms can be stacked as in Figure 1-4d to generate the 
FCC structure or 1-4e to form the HCP structure.  
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Figure 1-4 – Diagram of the stacking sequence in FCC and HCP crystals as viewed along a <111> 
direction [5]. (a) depicts the atomic configuration of a CPP in either FCC or HCP materials. (b) and (c) 
represent two choices of placement for the next CPP. Stacking the CPPs in the “c” sequence as shown in 
(d) or the “a” sequence as shown in (e) yields the FCC and HCP structures respectively.  
 
1.1.2 Stacking Faults in FCC Materials 
 
A single intrinsic stacking-fault can form in FCC materials by the dissociation of a perfect 
dislocation with total dislocation Burgers vector of type bT = 𝑎2 [−101] (where aFCC is the lattice 
parameter of the FCC phase) into two Shockley partial dislocations of Burgers vector type bp = 𝑎6 [−1 − 12] and bp = 𝑎6 [−211] by the following dislocation reaction: 
𝑎
2
[−101] → 𝑎
6
[−1 − 12] + 𝑎
6
[−211]                                             (1-1) 
The driving force for the above reaction is related to the strain energy of the individual 
dislocations. According to the Frank energy criterion [49], since the strain energy of a dislocation 
is proportional to the magnitude of its Burgers vector squared, the strain energy of single perfect 
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dislocation will be greater than the sum of the energies of the two Shockley partials, and the 
reaction in Equation (1-1) will be favored. The two Shockley partial dislocations exert an elastic 
repulsive force on one another that varies as a function of 1/dactual, where dactual is the separation 
distance between the two partial dislocation cores [49]. Figure 1-5a schematically illustrates a 
perfect dislocation of edge character (as looking in the [111] direction), followed by the 
nucleation of two Shockley partial dislocations in 1-5b and their subsequent repulsion in 1-5c 
leading to an intrinsic stacking fault. Stacking faults may be intrinsic, extrinsic or twins.  The 
formation of these types of faults could occur by the passage of Shockley partial dislocations as 
depicted in Figure 1-6. The passage of a single Shockley partial results in an intrinsic stacking-
fault (Figure 1-6b). The passage of an additional Shockley partial on the next {111} plane causes 
an extrinsic stacking fault (Figure 1-6c). Finally, the passage of a third Shockley partial results in 
a 3-layer mechanical twin (Figure 1-6d). Figure 1-7 shows an intrinsic stacking fault, extrinsic 
stacking fault, and twinning fault (twin boundary) and illustrates which plane of atoms resides in 
a local HCP environment (dark circles).  
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Figure 1-5 – (a) Perfect dislocation in an FCC crystal structure (dark circles represent atoms in the “a” 
stacking position). The vertical line designated “a” represents the perfect dislocation (i.e., the extra plane 
of atoms inserted into the crystal structure). (b) Partial dislocations in an FCC structure and (c) the 
formation of a stacking fault [19]. 
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Figure 1-6 – Stages of nucleation of a mechanical twin by the passage of Shockley partial dislocations 
with bp = 𝑎/6[−211] on successive (111) glide planes (indicated by arrows). (a) Perfect FCC lattice, (b) 
intrinsic stacking-fault, (c) extrinsic stacking fault and (d) 3-layer twin. Displacement is indicated by the 
translation vector T3 [50]. 
 
 
Figure 1-7 – Stacking sequence (from left to right) of a perfect FCC crystal, a twinning fault (twin 
boundary), intrinsic fault and extrinsic fault. Black circles denote a local HCP environment. 
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1.1.3 ε-Martensitic Transformation 
 
Epsilon-martensite possesses an HCP structure and can form in certain steels spontaneously upon 
cooling below the martensite start temperature or as a result of deformation. This type of 
martensite forms in austenite with the (111)γ||(0001)ε/[1-10]γ||[1-210]ε orientation relationship 
(i.e., close-packed planes and directions are parallel in both crystal structures). Lower SFE and 
increased stability of the HCP phase relative to the FCC phase increase the propensity for ε-
martensite formation [51]. Ideally, the nucleation of ε-martensite could occur from the passage of 
a Shockley partial dislocation on every second close packed plane [51].  The nucleation during 
deformation was investigated in Fe-Cr-Ni austenitic steels using in-situ TEM by Brooks et al. 
[52] [53]. The authors observed that ε-martensite usually forms on the operating slip plane and 
nucleated from the conglomeration of irregularly spaced stacking faults which gradually (with 
more deformation) become thicker, leading to larger, more energetically favorable regions of 
ABAB stacking. In addition, the assembly of stacking faults minimizes the total austenite/ε-
martensite interfacial energy. The authors calculated an approximate 1-2% contraction of the 
spacing perpendicular to the fault plane by comparing TEM electron micrographs of overlapping 
stacking-faults to computed micrographs of the same stacking-faults. The procedure for 
computing the electron micrographs is further detailed in [54]. X-ray diffraction on larger 
volumes of ε-martensite in binary Fe-Mn reveal a contraction in molar volume of ~1-2% relative 
to the austenite [55] [56]. The coherency strain energy that arises from the contraction of the 
fault plane within the FCC matrix was treated by Olson and Cohen [51] and Müllner and Ferreira 
[57] and will be discussed further in Section 1.3.2.  
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1.1.4 Mechanical Twinning 
 
 
Mechanical twinning in FCC and HCP materials has been extensively reviewed by Christian and 
Mahajan [58]. The classical definition of twinning requires that the twin and matrix lattices be 
related by a reflection in some plane or by a rotation of 180° about some axis [58]. The 
nucleation and growth of mechanical twins could occur by the passage of Shockley partial 
dislocations on successive {111} planes as shown schematically in Figure 1-6. In this respect, 
mechanical twinning is closely related to the formation of ε-martensite transformation where 
Shockley partial would need to pass on every second {111} plane. A low-to-moderate SFE in the 
range of ~12 to 45 mJ m-2 is typically a necessary condition for mechanical twinning [3] [29] 
[34].  The “coherent” twin is separated from the matrix by two planar twin boundaries or 
twinning faults as depicted in Figure 1-7. While Figure 1-6 shows how a mechanical twin could 
form, several competing mechanisms have been proposed to describe the nucleation of 
mechanical twins. Steinmetz et al. [20] developed a multiscale dislocation-density type model for 
the strain-hardening behavior of TWIP steel which included a twin nucleation model developed 
by Mahajan and Chin [59]. The model of Steinmetz et al. exhibited quite good agreement with 
experimental results. The twin nucleation model of Mahajan and Chin [59] proposes that two 
perfect dislocations on neighboring {111} planes in the primary slip system split into fault pairs 
and react to produce three Shockley partial dislocations. Several other mechanisms for twin 
formation have also been proposed [60] [61] [62] [63]. Idrissi et al. [64] analyzed the mechanism 
of twin nucleation in an Fe-20Mn-1.2C steel and reported that the mechanism is best explained 
by the nucleation models of Miura, Takamura and Narita (MTN model) [62] or Cohen and 
Weertman [60] [61]. The MTN model is based on the pile-up of dislocations at a Lomer 
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dislocation at the primary and cross slip plane junction. The dislocations react to form two 
Shockley partial dislocations and a Frank sessile dislocation creating a double layer fault which 
serves as the twin nucleus. Cohen and Weertman proposed that the twin nucleus forms from the 
dissociation of a perfect dislocation into a sessile Frank partial screw dislocation and a glissile 
Shockley partial when interacting with a Lomer-Cottrell barrier. 
 
1.2 Phase Stability of Binary Fe-Mn Alloys 
 
The equilibrium phase diagram of binary Fe-Mn is shown in Figure 1-8 [65].  The eutectoid 
point corresponding to the FCC↔body centered cubic (BCC)(A2)+BCC(A12) reaction occurs at 
528K and at 0.431 mol fraction of Mn [65]. Below the eutectoid temperature exists a two phase 
region of BCC(A2) and BCC(A12) for Fe-rich alloys. The BCC(A12) corresponds to the α-Mn 
structure which is comprised of a 58-atom unit cell and is based on a BCC lattice with each of 
the two lattice points comprised of a 29-atom basis [66].  
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Figure 1-8 – Phase diagram of the Fe-Mn system calculated by Witusiewicz et al. [65] (for the work cited 
on this figure the reader is referred to the original reference [65]). 
 
A fully austenitic metastable microstructure at room temperature (RT) is retained by cooling 
alloys with sufficiently high quantities of Mn (typically around 30 wt.%) [67]. Of significant 
importance to the plasticity mechanisms of Fe-Mn based steels is the relative stability between 
the metastable FCC and HCP phases due to its influence on the deformation mechanisms. The 
metastable phase diagram of the FCC and HCP phases is shown in Figure 1-9. The upper and 
lower solid lines of this figure represent the austenite (As) and martensite start (Ms) temperatures 
respectively. These temperatures correspond to the start of spontaneous martensitic 
(diffusionless) transformation of the crystal structure to HCP or FCC depending on the initial 
crystal structure and whether heating or cooling. 
19 
 
 
Figure 1-9 – Metastable phase diagram of the FCC and HCP phases of the Fe-Mn system from 
Witusiewicz et al. [65]. The solid lines represent the austenite (As) and martensite start (Ms) temperatures 
(for the work cited on this figure the reader is referred to the original reference [65]). 
  
 
1.3 Stacking Fault Energy 
 
The SFE is a composition- and temperature-dependent material property that significantly 
influences the mechanical properties of FCC materials [19]. The SFE arises due to a fault in the 
stacking sequence of a material and its value is specific to the type of fault (i.e., intrinsic SFE, 
extrinsic SFE, etc.). In the present work, the SFE will always refer to the intrinsic SFE unless 
otherwise noted. Since the SFE plays an important role in the properties of FCC materials there 
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has been significant interest in both measuring and calculating this parameter since the late 
1950s. 
 
1.3.1 Methods of Measurement 
 
Several experimental methods exist for the determination of the SFE. The most prevalent are 
those that use transmission electron microscopy (TEM) for the direct observation of the size of 
faulted dislocation configurations. The specific dislocation configurations from which the SFE is 
typically measured are extended three-fold nodes and Shockley partial dislocation pairs. The 
method of SFE determination pertaining to each of these dislocation configurations will be 
discussed in detail in sections 1.3.1.1 and 1.3.1.2. Indirect methods of SFE measurement from X-
ray diffraction line profiles and peak shifting are possible but will not be discussed in detail here 
[68] [69] [70].     
 
1.3.1.1 Extended Three-Fold Nodes 
 
It was first suggested by Whelan that the SFE could be determined from the size of an extended 
three-fold node in equilibrium by equating the force balance between the faulted region and the 
node arms by Equation (1-2) [71]. 
𝛾 = 𝜇𝑏𝑃2 2𝑅�                                                                      (1-2) 
where γ is the SFE, μ is the shear modulus, bp is the partial dislocation Burgers vector and R is 
the outer radius of curvature of the node. This approach was refined by theories from Brown 
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[72], Brown and Tholen [73], Siems [74] and Jøssang et al. [75] which were reviewed by Ruff 
[76]. These refinements included additional measurable variables such as the inner node radius 
and total dislocation character angle of the node arms β. Equation (1-3) gives the relationship 
between these variables according to the theory of Brown and Tholen [72] [73]:        
  γ = µbp2
y
�0.055 �2−ν
1−ν
� − 0.06 � ν(1−ν)2� cos2β + �0.018 �2−ν1−ν� + 0.036 � ν1−ν� cos2β� log Rϵ� (1-3) 
where ν is Poisson’s ratio and ϵ is a cut-off parameter approximately equal to bp [72] [73]. Figure 
1-10, taken from reference [76], shows a schematic of an extended three-fold node. The node is 
made up of three separate partial dislocations which bound the stacking fault. The dislocation 
reactions required to form such nodes are described in detail by Whelan [71].  The relevant 
dimensions of the node needed to determine the SFE are labeled on Figure 1-10. 
 
Figure 1-10 – Variables used calculate the SFE from an extended three fold node from several theories 
[73] [74] [75]. 
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The node dimensions must be obtained by TEM with the node perpendicular to the beam 
direction or measurements such as the radius of curvature and inner radius must be corrected to 
their true values. A correction procedure is outlined by Ruff [76].  
 
Results of SFE measurements using these methods have been reported by several authors on Fe-
Cr-Ni alloys [77] [54]. Latanison and Ruff investigated the temperature dependence of the SFE 
in Fe-10Ni-18Cr and Fe-16Ni-19Cr alloys from RT to 325°C. At RT the SFE values are 16 and 
24 mJ m-2, respectively, indicating that additions of Ni, a strong austenite stabilizer, increase the 
SFE. In addition, the SFE of both alloys shows a positive temperature sensitivity from RT to 
325°C, where the SFEs are 30 and 32 mJ m-2, respectively. However, upon cooling to RT the 
nodes do not return to their initial size which the authors attributed to solute atmospheres which 
gathered around the dislocations at higher temperatures and impeded node expansion upon 
cooling. Therefore, the recovered nodes produced a higher apparent SFE at RT than the as-
deformed nodes.  An increase in SFE with temperature is common in steel since austenite 
typically becomes more stable as the temperature is increased above RT, as shown by Figure 1-8. 
Bampton et al. [54] measured the SFE of five different austenitic stainless steels with varying Cr 
and Ni content, finding that additions of Ni raised the SFE while the effect of Cr was complex 
(small increases and decreases in the SFE were observed with additions on Cr depending on 
other alloying constituents). The RT SFE of the austenitic steels in their study ranged from 18-35 
mJ m-2 and heat treatments were performed at several different temperatures (300, 700 and 
1050°C) to facilitate the formation of symmetrical nodes for SFE measurement. The authors 
found that the RT node size varied inversely with prior heat treatment temperature for individual 
compositions. For instance, RT average SFEs were 47.5 and 24.25 mJ m-2 for an Fe-21Cr-14Ni 
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steel for samples which were annealed at 1050 and 300°C, respectively. The authors attributed 
this finding to solute impedance forces limiting node expansion upon cooling [54]. Gallagher 
reviewed the experimental results for the magnitude of the SFE and its variation with 
temperature and alloying for many different FCC pure elements and alloys [78].  One conclusion 
from this review is that the apparent SFE measured from nodes in as-deformed samples is likely 
to be lower than the true value due to solute impedance forces. Interpreting the data from SFE 
measurements on extended nodes leads to a few important conclusion regarding this method. 
Prior thermo-mechanical history of the node to be measured can significantly influence the 
magnitude of the measured SFE and must be considered in any interpretation of data obtained by 
this method. SFE values from nodes which have formed upon annealing are likely to have higher 
apparent SFE than those in as deformed specimens. Trends in the SFE as a function of alloying 
additions are at least qualitatively valid when using this method so long as any thermo-
mechanical treatments are consistent between samples being compared [54].   
 
Three studies have reported SFE values for Fe-Mn based steels by measurement of extended 
dislocation nodes. Volosevich et al. reported SFE values as a function of temperature for binary 
Fe-16/18/20/22/25/30Mn (wt.%) [79] and a series of Fe-Mn-C [80] alloys with Mn and C 
contents ranging from 12-18 and 0.23 to 1.35 wt.%, respectively. Remy published SFE values of 
an Fe-20Mn-4Cr-0.5C alloy as a function of temperature from 100-390K [81]. The data from 
these studies are presented in Figure 1-11. Increases in temperature caused an increase in SFE for 
each alloy. In addition, the data show that for the Fe-12Mn-0.2-1.35C steels additions of C 
strongly increase the SFE by ~26 mJ m-2 wt.%-1. In the binary Fe-Mn alloys and the Fe-20Mn-
4Cr-0.5C alloy the sensitivity of the SFE to temperature becomes less at lower temperatures. In 
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particular, the Fe-20Mn-4Cr-0.5C exhibits almost no change in SFE from -175 to 0°C. The SFE 
exhibits non monotonic behavior with additions of Mn content as shown from the results of 
Volosevich et al. [79], Figure 1-12, with a minimum in the SFE occurring at ~ 22 wt. Mn.  
 
Figure 1-11 – Measured SFE values from the literature for binary Fe-Mn alloys (triangles) [79], Fe-Mn-C 
alloys (diamonds) [80] and an Fe-20Mn-4Cr-0.5C wt.% steel (circle) [81]. 
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Figure 1-12 – SFE values measured from extended dislocation nodes for binary Fe-Mn alloys [79]. 
 
1.3.1.2 Partial Dislocation Separations 
 
The SFE can also be determined from the separation distance of Shockley partial dislocation 
pairs. A repulsive force per unit length of dislocation line acts on the two partial dislocations and 
tends to separate them in order to minimize the total strain energy. The SFE from the newly 
created fault causes an attractive force per unit length of dislocation line (note: while SFE is 
typically provided in units of energy/area it is equivalent to force per unit length).  The resulting 
force balance is illustrated in Figure 1-13. The classical equation based on isotropic elasticity 
theory relating the elastic repulsive force to the SFE is [49]: 
𝛾𝑒𝑥𝑝 = 𝜇𝑏𝑝28𝜋𝑑𝑎𝑐𝑡𝑢𝑎𝑙 2−𝜈1−𝜈 �1 − 2𝜈𝑐𝑜𝑠2𝛽2−𝜈 �                               (1-4) 
26 
 
where μ, ν, and bp are the polycrystalline shear modulus, polycrystalline Poisson’s ratio and 
ao/6<112> partial-dislocation Burgers vector, respectively. However, for materials that exhibit 
anisotropic elasticity, the elastic repulsive force is a function of the dislocation character angle 
(β) and the three single-crystal elastic stiffness constants, C11, C12 and C44.  Therefore, the 
validity of Equation (1-4) for use on materials that show significant elastic anisotropy is 
questionable. Thus, a more accurate method to determine the elastic repulsive force is to account 
for anisotropic elasticity.  Several authors have employed pure anisotropic dislocation theory to 
address this problem [82] [83] [84]. However, anisotropic elasticity theory is complex and yields 
solutions only for specific dislocation configurations. Therefore, an approximation of anisotropic 
theory for the repulsion of two partial dislocations was proposed by Aerts et al. [85]. In this 
approximation the polycrystalline elastic constants of Equation (1-4) are replaced with effective 
values of the shear modulus (μeff) and Poisson’s ratio (νeff): 
µeff = �C44 (C11−C12)2 �0.5                                                          (1-5) 
Equations (1-6) and (1-7) denote the relationship between the effective Poisson’s ratio, νeff, and 
the single-crystal elastic constants. 
1
1−𝜈𝑒𝑓𝑓
= 1
3𝜇𝑒𝑓𝑓
(𝐶 + 𝐶12) � 𝐶44(𝐶−𝐶12)𝐶11(𝐶+𝐶12+2𝐶44)�0.5 �1 + 2 𝐶11𝐶 �                                  (1-6) 
                 𝐶 = �1
2
𝐶11(𝐶11 + 𝐶12 + 2𝐶44)�0.5                                                     (1-7) 
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Figure 1-13 – Schematic of a dissociated dislocation of pure edge character and the resulting partial 
dislocations. The elastic repulsive force acting on the two partials and the restorative force due to the SFE 
and the Burgers vectors of each partial are labeled.  
 
In the above analysis, the partial dislocation cores are treated as purely elastic defects, i.e. as 
singular Volterra type dislocations with a core width of zero. However, the core width of 
dislocations may not be zero and, at small partial-dislocation separations, core effects can 
influence SFE measurements as shown by Cockayne and Vitek [86]. The dislocation core 
thickness can influence the force acting between two partial dislocations and thus, their 
separation. The partial-dislocation separation obtained from a Peierls-type core model, dPeierls, 
which accounts for core width, is related to the partial-dislocation separation of Equation (1-4), 
dactual, by Equation (1-8) [86]:   
dPeierls = 12 �dactual + �dactual2 − 4ζ2�                                            (1-8) 
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In this model, as core width increases, the repulsive force acting between the two partial 
dislocations decreases. Since the core width, ζ, is unknown, a reasonable approximation is twice 
the lattice parameter (0.724 nm), as employed by Cockayne and Vitek [86]. 
 
Bright-field (BF) TEM imaging is in many cases sufficient to resolve the inner diameter (2y) of 
extended nodes which typically ranges from 13 to 51 nm in low SFE austenitic steels [54] [79] 
[76]. However, the equilibrium separation distance of two parallel Shockley partial dislocations 
in low SFE alloys is usually on the order of 3-15 nm [54]. Weak-beam dark-field (WBDF) TEM 
imaging is necessary to resolve the individual partial dislocations. The development of the 
WBDF technique was first reported by Cockayne, Ray and Whelan [87] and has enabled the 
actual position of dislocations to be determined to within 1 nm [87].  Instructions for the use of 
this method are detailed in most TEM textbooks (e.g., Williams and Carter [88] and Edington 
[89]). The technique has been successfully used to measure SFE on pure metals with low-to-
medium SFEs such as Ag (γexp=16.3±1.7 mJ m-2) [90], Cu (γexp=41±9 mJ m-2) [90], Cu (γexp=41 
mJ m-2) [91], Au (γexp=32±5 mJ m-2) [92], Si (γexp=51±5 mJ m-2) [93] and Ni [94]. As noted in 
the original reporting of this method, the separation distance of the intensity peaks of two 
Shockley partial dislocations will differ slightly from the separation of the actual dislocation 
cores. This discrepancy arises due to the asymmetry between the strain fields outside and inside 
the partial dislocations. Cockayne et al. [87] proposed the following relationship based on 
isotropic elasticity to determine the actual partial dislocation separation, dactual, from the observed 
spacing, dobserved: 
                                                dobserved = �dactual2 + 4c2�2                                             (1-9) 
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where                                        c = −sg �g∙bp2π �1 + 12(1−ν)���                                       (1-10) 
and the deviation parameter,               sg = 12 (n − 1)|g|2λ                                           (1-11) 
The term “n” is determined by the WBDF imaging conditions and is typically between 3 and 4 
[88]. The wavelength of the electrons, λ, is dependent on the accelerating voltage and g is the 
magnitude of the reciprocal lattice vector [88].  The recommended value of sg is ≥0.2 nm-1 [95].  
 
Bampton et al. [54] measured the SFE of five different compositions of Fe-Cr-Ni austenitic 
steels from extended dislocation nodes and parallel partial dislocation pairs and compared the 
two methods. Heat treatments of 300 for 24 h, 700 for 3 h and 1050°C (slow cooled) were 
applied to facilitate the formation of symmetrical extended nodes and straight parallel partial 
dislocation pairs suitable for measurement. Post heat treatment the partial dislocation pairs were 
either completely constricted (no evidence of separation into two partial dislocations) or at their 
equilibrium partial dislocation separation.  Conversely, the nodes were never completely 
constricted and exhibited wider scatter in the degree of extension. The authors concluded that for 
alloys where solute impedance forces are important the SFE is best determined by measurement 
of the separation of partial dislocation pairs.  
 
SFE measurements on Fe-Mn based steels from partial dislocation separations using WBDF 
imaging are rare. The use of this method on Fe-Mn based alloys has been limited to two studies 
[15] [64]. Kim et al. [15] studied the effect of aluminum additions on the Fe-Mn-C system, 
publishing SFE values of 13±3 and 30±10 mJ m-2 for Fe-18Mn-0.6C and Fe-18Mn-0.6C-1.5Al 
steels, respectively, reporting an increase in SFE of 11.3 mJ m-2 per wt.% Al. Specimens in this 
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study were deformed to 2% engineering strain and the defects appear to be in close proximity to 
one another and the dislocations display significant curvature in some regions. Heat treatments 
were not applied to lessen these effects. Idrissi et al. reported a SFE of ~15 mJ m-2 for an Fe-
20Mn-1.2C alloy [64]. In this study the dislocations also appear to be in closer proximity to each 
other than desired for SFE measurements. Neither study accounted for anisotropic elasticity, the 
difference between dactual and dobserved or dislocation core effects. The small difference in SFE 
values of the Fe-18Mn-0.6C and Fe-20Mn-1.2C alloy is surprising considering Volosevich et al. 
[80] reported an increase in SFE of ~26 mJ m-2 wt.% C-1 in Fe-12Mn-XC steel (where X is in 
wt.%). Based on the scarcity of SFE measurements using WBDF imaging in the literature and 
the technical concerns with the existing studies, additional SFE measurements of TRIP and 
TWIP steels are necessary to fill this gap. 
 
1.3.2 Thermodynamic Calculation 
 
 
With the use of thermodynamic modelling it is possible to calculate the SFE. A widely used 
method for thermodynamic SFE calculations in FCC alloys was proposed by Olson and Cohen 
[51] and treats the fault as n layers of hexagonal close-packed (HCP) phase separated from the 
face-centered cubic (FCC) matrix by two interfaces. The SFE can be calculated as:  
𝛾∞ = 𝑛𝜌�∆𝐺𝑓𝑐𝑐→ℎ𝑐𝑝� + 2𝜎𝛾 𝜀�                                                 (1-12) 
where γ∞ is the ideal SFE (mJ m-2) of the fault (un-bounded by partial dislocations) and n is 
equal to 2 for an intrinsic stacking-fault (see Figure 1-7). The term ∆𝐺𝑓𝑐𝑐→ℎ𝑐𝑝 (mJ mol-1) is the 
difference in Gibbs free energy of the FCC and HCP phases and is the sum of 
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chemical, ∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝, and magnetic contributions, ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝. ∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 is calculated by a sub-
regular solution [3] [35] [34] [96] [97] or sub-lattice approximation [98] [17]. ∆𝐺𝑀𝑎𝑔
𝑓𝑐𝑐→ℎ𝑐𝑝 arises 
from antiferromagnetic ordering that is present in Fe-Mn based alloys and is calculated based on 
the work of Hillert and Jarl [99] and Inden [100]. Its value is typically positive as 
antiferromagnetic ordering tends to stabilize the FCC phase [3] [35] [34] [96] [97] [98] [17]. The 
term σγ/ε (mJ m-2) is the interfacial energy between the FCC and HCP phase and ρ is the molar 
surface density (mol m-2) of {111}, defined in Equation (1-13): 
𝜌 = 4
√3𝑎𝐹𝐶𝐶
2
1
𝑁𝐴
                                                              (1-13) 
The term NA is Avogadro’s number and aFCC is the lattice parameter of the FCC phase.  
 
This type of thermodynamic model has been used by several authors to correlate SFE values 
with deformation mechanisms in TRIP and TWIP steels. Allain et al. [34] studied an Fe-22Mn-
0.6C wt.% steel and concluded that εhcp-martensite formation occurs for calculated SFEs below 
18 mJ m-2 while mechanical twinning is active from 12 to 35 mJ m-2. Thermodynamic SFE 
calculations by Saeed-Akbari et al. [101] indicate an upper limit of 20 mJ m-2 for strain-induced 
εhcp-martensite transformation in Fe-Mn-(C-Al) alloys. Nakano and Jacques [98] calculated SFE 
values for the Fe-Mn and Fe-Mn-C systems and correlated these with microstructural 
observations from other investigators, finding strain-induced εhcp-martensitic to occur at SFEs as 
high as 41 mJ m-2. The lack of agreement between SFE value and deformation mechanism in the 
literature results from different thermodynamic parameters used in the calculation of ∆𝐺𝐶ℎ𝑒𝑚
𝑓𝑐𝑐→ℎ𝑐𝑝 
and different interfacial energies, with σγ/ε varying from 9 mJ m-2 (Allain et al. [34]) to 16 mJ m-2 
(Nakano and Jacques [98]). Saeed-Akbari et al. [35] utilized a value of σγ/ε =15 mJ m-2 but 
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acknowledged the uncertainty of this parameter in Fe-Mn based alloys, citing literature values 
that ranged from 5 to 27 mJ m-2.  
 
The uncertainty of the interfacial parameter in Fe-Mn based systems limits the effectiveness of 
thermodynamic SFE models. Olson and Cohen [51] proposed to indirectly calculate σγ/ε using 
experimental SFE values, γexp. The term γexp includes a coherency strain energy, Estr (J/mol), 
arising from the contraction in molar volume of the HCP stacking fault relative to the FCC 
matrix (note: the same coherency strain energy is not accounted for in thermodynamic SFE 
values). The strain energy must be subtracted from the experimental SFE value as in Equation 
(1-14):  
𝛾∞ = 𝛾𝑒𝑥𝑝 − 𝑛𝜌𝐸𝑠𝑡𝑟                                                            (1-14) 
to yield γ∞. Combining Equations (1-12) and (1-14) gives: 
𝜎
𝛾
𝜀� = 1
2
�𝛾𝑒𝑥𝑝 − 𝑛𝜌�𝐸𝑠𝑡𝑟 + ∆𝐺𝑓𝑐𝑐→ℎ𝑐𝑝��                        (1-15) 
 
Both Olson and Cohen [51] and Müllner and Ferreira [57] have proposed methods to 
approximate Estr. The molar volume of the FCC and HCP phases are respectively defined in 
Equations (1-16) and (1-17) as: 
𝑉𝑚,𝐹𝐶𝐶 = 𝑎𝐹𝐶𝐶34 𝑁𝐴                                                          (1-16) 
and         
   𝑉𝑚,𝐻𝐶𝑃 = √34 𝑎𝐻𝐶𝑃2 𝑐𝐻𝐶𝑃𝑁𝐴                                                     (1-17) 
where aFCC, aHCP and cHCP are the lattice parameters of the FCC and HCP phases. The volumetric 
strain (VS) due to volume change from FCC to HCP phase is defined as: 
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𝑉𝑆 = 𝑉𝑚,𝐻𝐶𝑃−𝑉𝑚,𝐹𝐶𝐶
𝑉𝑚,𝐹𝐶𝐶                                                         (1-18) 
The strain (ε33) corresponding to the contraction normal to the close packed planes of the HCP 
structure relative to the FCC matrix is defined as: 
𝜀33 = (𝑐𝐻𝐶𝑃 − 𝑐𝐹𝐶𝐶) 𝑐𝐹𝐶𝐶⁄                                                   (1-19) 
The terms cFCC and cHCP are twice the CPP spacing in the FCC and HCP structures, respectively. 
The strain terms ε11 and ε22 correspond to the contraction along <1-210> relative to <1-10> 
(close packed directions) and <1-100> relative to <11-2>, respectively, and are calculated 
similarly to ε33 (Equation (1-19)) as a function of the lattice parameters. Olson and Cohen [51] 
considered the strain energy term to be the sum of a dilatation energy, Edil, and a shear energy, 
Esh:  
𝐸𝑠𝑡𝑟 = 𝐸𝑑𝑖𝑙 + 𝐸𝑠ℎ                                                         (1-20) 
where 
                                  𝐸𝑑𝑖𝑙 = 2(1+𝜈)9(1−𝜈) 𝜇𝑉𝑚,𝐹𝐶𝐶(𝑉𝑆)2                                             (1-21) 
and 
 𝐸𝑠ℎ = 𝜂𝑉𝑚,𝐹𝐶𝐶2𝜇 �16 [(𝜀11 − 𝜀22)2 + (𝜀22 − 𝜀33)2 + (𝜀33 − 𝜀11)2]+𝜀122 +𝜀232 + 𝜀132 �       (1-22) 
The terms ν and μ represent the austenite phase polycrystalline Poisson’s ratio and shear 
modulus, respectively; and η is the accommodation factor further described below. Equations (1-
21) and (1-22) are based on the work of Eshelby [102] for determining the strain energy of an 
inclusion which undergoes a shape change within an infinite matrix. The Olson and Cohen 
model does not consider the interaction energy between the contracted stacking fault and the 
partial dislocations. However, Müllner and Ferreira [57] modeled the strain field generated by 
two parallel partial dislocations and a contracted stacking-fault using Somigliana dislocations to 
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compute the total energy including the interaction components. The interaction energy 
components involving the two Shockley partials were found to be small or vanishing compared 
to other components of the coherency strain energy. The Müllner and Ferreira model assumes 
that the coherency strain is volume preserving (i.e., VS=0), The strain energy (in units of energy 
per area) under the assumption that dactual>>(cHCP/2) and the volume of the stacking fault remains 
constant is [57]: 
𝐸𝑠𝑡𝑟 = 𝑛𝜇𝑐𝐻𝐶𝑃𝜀3328(1−𝜈)                                                         (1-23) 
where n is 2 for an intrinsic stacking fault.  
 
 
1.4 Elastic Properties of Fe-Mn based steels 
 
Single-crystal elastic stiffness constants are necessary to make accurate SFE measurements in 
materials like austenitic steels that exhibit significant elastic anisotropy (see section 1.5.1.2). 
Austenitic stainless [103] and binary Fe-Mn [104] [105] [106] steels display anisotropy factors 
2C44/(C11-C12) from 3.3 to 3.9. The role of elastic anisotropy in SFE measurements has been 
overlooked in the few studies in the literature [15] [64] partly due to the lack of available 
experimental single-crystal elastic constants for TRIP and TWIP steels. In binary Fe-Mn alloys, 
antiferromagnetic (AFM) ordering influences the elastic properties. Unlike most austenitic steels, 
Fe-Mn based alloys undergo an AFM to paramagnetic (PM) transition at Néel temperatures 
above 200K [4]. Lenkkeri [105] and Cankurtaran et al. [106] measured C11, C12 and C44 of binary 
Fe-38.8/40Mn at.% single-crystal alloys as a function of temperature using an ultrasonic pulse 
overlap technique. Antiferromagnetic ordering suppresses the tetragonal shear modulus (C11-
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C12)/2, the resistance to shear on {110} in <1-10>. The shear term (C11-C12)/2 increases 
uniformly with decreasing temperature from 800K to the Néel transition (~478K), then 
undergoes a step-like reduction, and continues to increase linearly to 200K in the AFM regime at 
a significantly reduced slope as observed in Figure 1-14. The normal shear modulus C44, the 
resistance to shear on {100} in <010>, is relatively unaffected, displaying a slight increase due to 
the onset of AFM ordering. Correspondingly, the anisotropy ratio decreases with temperature to 
the Néel transition and then increases with further reductions in temperature in the AFM regime. 
 
 
Figure 1-14 – Temperature dependence of the elastic constants C44 and (C11-C12)/2 for an Fe-38.5 at.% 
alloy (image modified from Lenkerri [105]) 
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A binary Fe-30Mn at.% alloy, with a Néel temperature of 412K, displays similar trends in the 
elastic behavior due to antiferromagnetic ordering [104]. In context with Fe-38.5/40Mn alloys, 
reducing the Mn content decreases C44, the anisotropy ratio, and increases the bulk modulus, 
regardless of magnetic state. A reduction in Mn content had little effect on (C11-C12)/2 at room 
temperature in the AFM state. However, the step-like reduction in (C11-C12)/2 occurring at the 
Néel temperature increases with decreasing Mn content [107].  
 
For TRIP/TWIP steels with Mn contents ranging from 18 to 28 wt.%, AFM ordering causes 
anomalies in the elastic properties closer to room temperature. Allain [108] observed a 
fluctuation in the polycrystalline shear modulus of ~20% at a Néel temperature of 321K in a Fe-
22Mn-0.6C wt.% alloy. Similar anomalies occur below room temperature in Fe-18Mn-1.5/2.5Al-
0.6C wt.% alloys, and become less intense with increases in Al content [48]. Music et al. [109] 
investigated the effect of Mn content on binary Fe-Mn alloys with ab-initio simulations, finding 
C44 to be relatively unaffected by Mn additions, while C11 and C12 decreased by 25.6 and 39.2%, 
respectively, with increases of Mn from 5 to 40 at.%. Gebhardt et al. [110] studied the elastic 
properties of binary Fe-Mn polycrystalline thin films with nanoindentation, finding the bulk 
modulus to decrease from 143 GPa to 105 GPa as the Mn content increases from 23 to 39 at.%. 
In a subsequent study, Gebhardt et al. [111] studied the individual effect of both Al and Si on the 
elastic properties of Fe-Mn alloys with nanoindentation and ab-initio calculations. In this study, 
ab-initio calculations indicated that the individual additions of both Al and Si to binary Fe-Mn 
alloys resulted in a significant increase in the single-crystal anisotropy. The bulk elastic 
properties of the Fe-Mn-C system have also been studied by nanoindentation and ab-initio 
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calculations [112]. However, the elastic anisotropy of high-Mn TRIP and TWIP steels has not 
been thoroughly characterized experimentally.  
 
1.5 Goals and Objectives of Current Work 
 
The previous sections illustrate several gaps in the knowledge of TRIP and TWIP steels that 
must be overcome in order to improve the understanding and further the development of these 
materials. This research will focus on several of these areas, including: 
• Determining the optimal thermo-mechanical processing routes of specimens and best 
TEM methods for measuring the SFE to overcome current weaknesses in experimental 
procedures. Of the few SFE measurements of TWIP steels available in the literature [15] 
[64], the experimental procedures used in these studies are lacking and several areas for 
improvement are identified in section 1.3.1.2. New procedures and methods will be 
developed and evaluated to improve the accuracy of SFE measurements.   
• Measuring the single-crystal elastic constants of Fe-22/25/28Mn-3Al-3Si alloys for use in 
experimental SFE measurements. The magnitude of the elastic repulsive force acting 
between two partial dislocations, which is needed to determine the SFE, is a function of 
the dislocation character angle and the three single-crystal elastic stiffness constants, C11, 
C12 and C44 (see Equations 1-4 to 1-7) [82] [83] [85] [113]. Currently, there are no 
experimental values of single-crystal elastic constants in the literature for high-Mn 
TRIP/TWIP steels. Measurement of these elastic constants will allow the use of 
anisotropic elasticity theory and improve the accuracy of SFE measurements.  
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• Determining the SFE and FCC/HCP interfacial energy of three Fe-22/25/28Mn-3Al-3Si 
alloys. The development of quantitative relationships between the SFE, deformation 
mechanisms and mechanical properties is hindered by limited experimental SFE 
measurements and the uncertainty of σγ/ε (which is used in thermodynamic calculations of 
the SFE). In most TRIP/TWIP steels σγ/ε is the largest component of the SFE, and the 
value of this parameter for Fe-Mn based steels is thought to be in a range of ~5 to 27 mJ 
m-2 [35] (see section 1.3.2). Therefore, a major objective of this work will be to measure 
the SFE of three Fe-22/25/28%Mn-3Al-3Si alloys and use a combined theoretical and 
experimental approach to determine reliable values of σγ/ε for these materials, thereby 
enabling more accurate calculation of the SFE. 
• Develop of quantitative relationships between the SFE, deformation mechanisms and 
mechanical properties. These relationships will form design considerations for future 
TRIP/TWIP steels that will enhance the ability to optimize the properties of the materials 
prior to development.  
  
39 
 
CHAPTER 2 
EXPERIMENTAL PROCEDURE 
 
2.1 Materials 
 
Three alloys were induction melted in an argon atmosphere and cast into ingots. The  
compositions are listed in Table 2-1. The steels with 25 and 28%Mn were fully austenitic, while 
the alloy with 22%Mn contained a small amount of ordered BCC phase (<1%). As-cast ingots 
were thermo-mechanically processed by hot rolling at 1100ºC to produce strips of 3 mm 
thickness and subsequently by cold rolling to 1.5 mm thickness. The resulting sheet was 
recrystallized at 800, 900 and 1000oC for 30 min in an air atmosphere yielding a microstructure 
with equiaxed grains. Optical micrographs of the microstructures after cold rolling, and 
recrystallization at 800, 900 and 1000oC for the 25%Mn alloy are presented in Figure 2-1. The 
grain sizes are ~16, 21 and 62 µm in diameter for recrystallization temperature 800, 900 and 
1000oC, respectively. The grain size was measured with the circle intercept method in 
accordance with ASTM E112 (measurements are shown in Figure 2-1 for the 25%Mn alloy 
recrystallized at 900oC for 30 minutes).  No significant differences were noted in the grain sizes 
for the different compositions. Sub-sized flat tensile specimens with a 20 mm gauge length and 5 
mm width were cut from the sheet in the direction parallel to the rolling direction using electro-
discharge machining (EDM) and were used for mechanical testing and microstructural 
characterization. An image of a sub-sized tensile specimen is shown in Figure 2-2. In addition, 
large tensile specimens with a 12.5 mm width, 75 mm reduced section length and 50 mm gauge 
length (initial extensometer length) were also cut from the sheet in the direction parallel to the 
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rolling direction using EDM. These specimens were used with an extensometer for some testing 
conditions in order to remove the elastic strain associated with the tensile testing machine. 
 
Table 2-1 – Chemical compositions of the steels in wt.% unless otherwise specified. 
Designation Material Mn Al Si C O (ppm) Fe 
22%Mn Fe-22Mn-3Al-3Si 22.2 2.76 2.92 0.0093 <5 Bal. 
25%Mn Fe-25Mn-3Al-3Si 24.7 2.66 2.95 0.0053 <5 Bal. 
28%Mn Fe-28Mn-3Al-3Si 27.5 2.74 2.89 0.0071 <5 Bal. 
 
 
Figure 2-1 - Cold rolled (CR) and recrystallized (Rx) microstructures at 800°C, 900°C and 1000°C for 30 
minutes. The grain size calculation is shown for the material recrystallized at 900°C. 
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Figure 2-2 - – Tensile specimen deformed to the yield point (YP) with 3-mm-diameter disks cut from the gage 
length and shoulder using electo-discharge machining (EDM). 
 
2.2 Mechanical Testing 
 
The sub-sized specimens of the 22, 25 and 28%Mn alloys were strained in tension at RT, 100, 
200, 300 and 400°C at a rate of 4 x 10-4 s-1. The initial gauge lengths of the sub-sized tensile 
specimens was 20 mm and the cross-sectional area was measured for each specimen prior to 
testing to account for small variations in sheet thickness. The tensile-test machine provides 
values of load and displacement which are used in conjunction with the sample geometry to 
determine the engineering and true stress/strain. The instantaneous cross-sectional area, 
calculated as function of displacement assuming the sample volume remains constant during 
tensile testing, is used to determine the true stress. Therefore, the true stress/strain values are 
only valid up to maximum uniform elongation (just before the sample begins to neck). The point 
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of maximum uniform elongation is determined from the Considère criterion (the point at which 
the true stress and strain-hardening rate are equal). The displacement data from the tensile 
machine include elastic displacement from the machine and both elastic and plastic displacement 
of the sample being tested. The influence of elastic deformation of the machine is partially 
mitigated by only considering the plastic deformation of the sample in the present work (i.e., 
plastic strain or plastic true strain). However, elastic strain from the machine cannot be entirely 
mitigated without the use of an extensometer and the values of strain reported in the present 
work will slightly overestimate the actual value. Therefore, comparisons of the elongation data 
should only be made between the present materials or ones with similar test configurations. Tests 
at RT and 400°C were interrupted at 0.03, 0.1, 0.18, 0.34, 0.44 and 0.47 plastic true strain (i.e., 
the strain was measured from the beginning of plastic deformation) for microstructural 
characterization by optical microscopy (OM), x-ray diffraction (XRD) and TEM. Several large 
tensile specimens were deformed and the displacement was measured using a high resolution 
macro extensometer from Zwick. The arms of this extensometer are in direct mechanical contact 
with both sides of the specimen via knife edges to compensate for superimposed bending strains. 
The extensometer displacement data (along with the load data) were used in the calculation of 
Young’s modulus. 
 
2.3 Optical Microscopy 
 
Specimens for OM were prepared by standard metallographic procedures. Manual grinding was 
accomplished using successively finer SiC abrasive paper (240, 600, 1000 then 2400 grit) with a 
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constant supply of water to lubricate and remove grinding debris. The sample was placed in 
ethanol immediately after grinding and ultrasonically cleaned. An automatic system was used to 
polish the samples. The intermediate polishing steps were carried out with 3 μm disk/diamond 
paste with 25 N load followed by a 1 μm disk (MD Nap from Struers)/diamond paste with 20 N 
load. The sample was polished for ~5 minutes and a constant drip of blue polishing lubricant was 
used for each step. At the completion of each step, the sample was immediately rinsed with 
water, sprayed with ethanol, immersed in ethanol and ultrasonically cleaned (the samples must 
be cleaned and immersed in ethanol quickly to prevent corrosion). Low loads were used during 
this process, and successively decreased from 25 to 10 N for the final polish.  The final polish 
utilized a suspension of 0.05 μm colloidal silica for chemical-mechanical polishing (CMP) and 
10 N load for 5 minutes to ensure a flat surface with minimal deformation. The CMP was mixed 
with water-based (oil-free) soap for lubricant (note: blue lubricant used in the previous steps is 
not used here as it causes conglomeration of the colloidal silica particles). In the last 30 seconds 
of the final polish water is used to flush the sample. The sample is immediately removed and 
cleaned with ethanol in an ultrasonic cleaner. If etching was required, a 10% Nital (10/90% nitric 
acid/methanol) solution was used for ~30 seconds. The sample was then immersed in ethanol 
and cleaned ultrasonically before being blown dry.  
 
2.4 Nanoindentation 
 
Specimens of the 22 and 25%Mn alloys recrystallized at 1000oC (largest grain size) were used 
for nanoindentation. The samples were polished using the same procedure as specimens for 
optical microscopy. An average surface area roughness value, Sa, of 3 nm within grains was 
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measured via digital holographic microscopy (DHM). The samples were marked with indents 
from a microhardeness indenter in order to define an area. The orientations of grains at the 
surface of the defined area were characterized with a Zeiss scanning electron microscope (SEM) 
equipped with electron back-scatter diffraction (EBSD) orientation image mapping (OIM) 
capability. A grain orientation map (OM), along with a SEM image of an indented grain oriented 
in <101>, is shown in Figure 2-3, for the Fe-25Mn-3Al-3Si alloy.  
 
Figure 2-3 - Grain OM of the Fe-25Mn-3Al-3Si sample recrystallized at 1000°C for 0.5 h, with SEM 
image of an indented grain in the <101> orientation. The dashed line marks the boundary of an annealing 
twin plane perpendicular to the surface. 
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Indentation experiments were performed using an Ubi indenter (Hysitron, Minneapolis, USA) 
equipped with a diamond Berkovich indenter tip and working in load controlled mode. The area 
function of the tip was calibrated by indenting in a material of known modulus (fused quartz, 72 
GPa). The Ubi indenter includes an optical microscope which was used to identify specific 
grains (within the previously mapped area) for indentation (note: prior etching of the grain 
boundaries facilitated finding the proper grains for nanoindentation). Larger grains with 
orientations closest to the <100>, <110> and <111> orientations were selected for indentation. 
Mechanical properties are extracted from the unloading curve using the Oliver-Pharr method 
[114]. The load-time profile of each indentation consisted of a 5 second loading, 2 second pause 
and 5 second unloading phase. In order to minimize interaction between indents and grain 
boundaries, they were spaced a minimum of 10 μm apart or from grain boundaries as can be seen 
in the SEM image from Figure 2-3.  
 
2.5 Stacking Fault Energy Measurements 
 
Disks 3 mm in diameter were cut from the gauge length of deformed samples using EDM. The 3-
mm disks were ground to 100 µm thickness (final grit should be 600 or finer) and then jet 
electro-polished to electron transparency with a TenuPol-5 using a solution of 70% methanol and 
30% nitric acid at -30°C and 15 V. Partial dislocations were analyzed with a Philips CM20T 
TEM operating at 200 kV and equipped with an Advanced Microscopy Techniques 
XR42HTVcharge-coupled device (CCD) camera. 
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Measurements of Shockley partial-dislocation separations were made with a beam direction near 
the [111] zone on defects in the (111) habit plane using <-220> type g-vectors. Bright-field (BF) 
and WBDF imaging modes were employed with WBDF diffracting conditions set at g(3g) or 
g(4g) with no non-systematic reflections excited. The g(3g) configuration results in a deviation 
parameter sg=0.15 nm-1 and w= ξgsg=12.4 where ξg is the extinction distance. The value of sg in 
the g(3g) configuration is slightly less than the recommended value of 0.2 nm-1 [95] and results 
in slightly larger-than-ideal image widths. For partial-dislocation separations below ~4 nm, as in 
the 28%Mn alloy, the g(4g) configuration (sg=0.23 nm-1, w= ξgsg=18.5) was utilized to improve 
resolution of the partial dislocations. Measurements were made every 5-10 nm along the length 
of long, straight sections of isolated dislocations in areas not significantly affected by image 
forces and constrictions. The number of separation measurements per partial dislocation pair 
ranged from 7 to 70.  Since the strain fields outside and between partial dislocations are 
asymmetrical, the intensity peaks are not equidistant from their respective dislocation cores and a 
correction is applied to determine the actual partial-dislocation spacing, dactual [87] [88]. An 
average dactual and standard deviation of the measurements were obtained for each partial-
dislocation pair. Inside-outside contrast techniques (reversing the g-vector) were additionally 
applied to differentiate partial dislocations from dipoles. The total dislocation character angle, β, 
was determined from Burgers vector analysis on the partial dislocation Burgers vectors (bp) in 
WBDF imaging mode. For Shockley partial dislocations in the [111]/(111) zone/habit plane 
configuration, |g∙bp| values are 1 or 0 and |g∙bp| = 1 for both partials at only one g-vector. When 
the latter condition is achieved the total Burgers vector is parallel to the g-vector and the angle it 
makes with the dislocation line vector is the total dislocation character angle. The habit plane 
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was confirmed by stereographic analysis from BF images of the dislocation taken at three 
different orientations. 
 
2.6 X-Ray Diffraction 
 
Measurements of lattice parameters utilized a Bruker AXS D8 diffractometer equipped with a Co 
X-ray tube, Goebel mirror optics and a LynxEye Linear Position Sensitive Detector for ultra-fast 
XRD measurements.  A current of 30 mA and a voltage of 40 kV were employed as tube 
settings.  Operational conditions were selected to obtain XRD profiles of sufficient quality: 
namely, optimal counting statistics, narrow peaks and detection of small diffraction peaks of 
minor phases.  The XRD data were collected over a 2θ range of 30 -120º with a step size of 
0.02º.  
   
For the application of the Rietveld refinement, instrument functions were empirically 
parameterised from the profile shape analysis measured under the same conditions for an AISI 
Type 316 stainless steel standard prepared by hot isostatic pressing.  In this study, version 4.2 of 
the Rietveld analysis program TOPAS (Bruker AXS) was used for the XRD data refinement. 
The refinement protocol included the background, zero displacement, scale factors, peak width, 
unit cell parameters and texture parameters.  The room-temperature structures used in the 
refinement were ferrite, austenite and εhcp-iron.  The quality and reliability of the Rietveld 
analysis was quantified by the corresponding figures of merit:  the weighted summation of the 
residual of the least-squares fit, Rwp, the statistically expected least-squares fit, Rexp, the profile 
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residual, Rp, and the goodness of fit (sometimes referred to as chi-squared), GoF.  Since GoF = 
Rwp / Rexp, a GoF = 1.0 means a perfect fitting.  
 
  
49 
 
CHAPTER 3 
 
 
OPTIMAL METHODS FOR STACKING-FAULT ENERGY MEASUREMENTS BY 
TRANSMISSION ELECTRON MICROSCOPY 
 
 
This chapter is heavily based on published papers [115] [116] [117] and the results are limited to 
the Fe-25Mn -3Al-3Si alloy. The specimens deformed to the YP contained low defect density 
and large stacking-faults were absent. Specimens deformed to 1.5% displayed a higher defect 
density with many large non-equilibrium stacking-faults as shown in Figure 3-1a. The majority 
of these faults were intrinsic in nature as determined by traditional diffraction-contrast methods 
(e.g., +/-g, BF/DF, Williams and Carter [88]) and depicted in the dark-field image in Figure 3-
1b.  The stacking-faults are thin sheets of ε-martensite. Brooks et al. have estimated the 
supplementary displacement that occurs in addition to the expected ao/3<111> at stacking faults 
in austenitic Fe-Cr-Ni steels and argued that a single intrinsic stacking fault is a ε-martensite 
embryo [52] [53]. Idrissi et al. [118] have postulated intrinsic stacking-faults as a precursor for 
mechanical twinning and extrinsic stacking-faults as precursor for the formation of strain-
induced e-martensite laths. In that work it was shown that primarily extrinsic stacking-faults 
formed during room temperature deformation of a similar Fe-19.7Mn-3.1Al-2.9Si alloy. This 
result may indicate that Mn content has a strong influence on the nature of the stacking-faults in 
these alloys but extrinsic faults are unusual products of deformation and the results of Idrissi et 
al. [118] may warrant further scrutiny.  At 1.5% strain, dislocation-dislocation interaction was 
observed and some dislocations displayed curvature beyond what is acceptable for quantitative 
SFE measurements. Extended-dislocation nodes were not observed in the as-deformed 
specimens. 
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Figure 3-1 (a) Microstructure in a Fe-25Mn-3Al-3Si specimen deformed 1.5% and inset (b) a dark-field 
image displaying the intrinsic nature of one of the stacking faults (D and B indicate the positions of the 
dark and bright fringes, respectively). 
 
The microstructure did not show a substantial change in defect distribution or density after 
annealing at 400ºC for 70h except for significantly fewer wide stacking-faults as shown in Figure 
3-2. Most dislocations continued to display curvature and appeared to be completely constricted 
when viewed in WBDF mode. Extended nodes did not form during this heat treatment.  
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Figure 3-2 Microstructure in a Fe-25Mn-3Al-3Si specimen deformed 1.5% and heat treated at 400 °C for 
70 h.  
 
In specimens heat treated at 650 and 700°C the dislocation density was reduced and isolated 
dislocations were straighter. Wide stacking-faults were rarely observed and the majority of 
dislocations were constricted (displayed no evidence of separation) when viewed in WBDF 
mode. The annealing behavior of the Fe-24.7Mn-2.66Al-2.92Si alloy is different from that 
reported for austenitic Fe-Ni-Cr steel, for which nodes have been observed after a treatment at 
temperatures as low as 300ºC [54].  In current work, extended nodes did not form during the heat 
treatment at 400ºC.  Annealing at 650ºC or higher is required in order to provide sufficient 
thermal activation to form nodes, but only in limited quantities. Nodes typically formed in arrays 
as shown in Figures 3-3a and b for the specimens annealed at 650°C for 6 h and 70 h, 
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respectively. Isolated nodes preferable for SFE determination were rarely observed. The majority 
of nodes displayed asymmetric character as typified by Figure 3-3a.  
 
 
Figure 3-3 - Arrays of dislocation nodes formed in specimens after (a) heat treatment at 650 °C for 6 h 
and (b) heat treatment at 650 °C for 70 h.  
 
Measurement of SFE from partial-dislocation separations proved more reliable than from nodes. 
Figures 3-4a and b show a BF image and the corresponding WBDF image of typical partial 
dislocations observed in a specimen deformed to the YP. The dislocation spacing is uniform and 
does not present any constrictions whereas specimens deformed to 1.5% generally displayed 
constrictions due to the greater likelihood of dislocation interactions from the increased 
dislocation density. Dislocations suitable for measurement were only observed in samples 
deformed to the YP and those deformed 1.5% and annealed at 650°C for 70 h.  
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Figure 3-4 - BF image (a) and WBDF image (b) of a dissociated dislocation in a sample deformed to the 
YP. The reciprocal lattice vectors and total Burgers vector are defined as g and bT, respectively.  
 
Samples deformed 1.5% generally required heat treatments to reduce the incidence of 
anomalously wide stacking-faults, as observed in Figure 3-1, and to straighten dislocations. 
Conversely, the heat treatments also appeared to have the undesirable effect that the majority of 
observed dislocations failed to dissociate upon cooling. The impedance to dissociation in the Fe-
Mn-Al-Si system is more pronounced than that for Fe-Ni-Cr steels, for which many dislocations 
are able to dissociate after similar heat treatment [54]. However, consistent with the work on Fe-
Ni-Cr steels [54], heat treatments of 650°C did not appear to affect the final equilibrium spacing 
of dislocations that were able to dissociate. Deforming samples only to the YP reduced the 
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internal strain in each grain and the incidence of anomalously wide stacking-faults which led to a 
greater number of partial-dislocations suitable for measurement.  
 
Stacking-fault energy determination by the node method is extremely challenging in this alloy. 
Significant impedance to node formation, in comparison with the Fe-Ni-Cr steels [54], must be 
overcome with higher-temperature heat treatment (≥650°C). Even at high temperatures node 
formation was limited. The heat treatment can have undesirable effects such as interstitial and 
substitutional solute pinning and segregation. The SFE measured from the node method on Fe-
Ni-Cr steels revealed wide scatter within specific heat treatments and a noticeably higher 
apparent SFE in specimens that had been heat treated at higher temperatures [54]. Prior work on 
an Fe-20Mn-4Cr-0.5C alloy showed irreversible effects in node size when cooling from 390 to 
300K which was attributed to interstitial carbon pinning [81]. Similar effects were observed in 
Fe-Cr-Ni alloys and attributed to atmospheres of substitution solutes that formed around the node 
arms at elevated temperatures [77]. In the present work, a wide range of node sizes were 
observed indicating that the same effects related to the heat treatments observed in other studies 
may be present here as well which precludes the application of theories assuming isolated, 
symmetric nodes [72] [73] [74] [75].  
 
3.1 Conclusions 
 
The following conclusions were drawn from this work:  
1. The thermo-mechanical treatments utilized to prepare the tensile samples, coupled with 
tensile deformation to only the YP, resulted in the best microstructure (optimal grain size 
with minimal internal strain) for measuring partial-dislocation separations.  
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2. Determination of the SFE by TEM is best performed on this alloy by measuring partial-
dislocation separation using WBDF imaging techniques. Extended nodes that formed in 
this alloy appeared asymmetric with varying sizes and were rarely isolated, precluding 
any meaningful measurements.  
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CHAPTER 4 
 
 
DETERMINATION OF SINGLE-CRYSTAL ELASTIC CONSTANTS FROM 
NANOINDENTATION 
 
 
This chapter is heavily based on published papers [119] [120] although the relevant introductory 
material and experimental procedures are covered in chapters 1 and 2. 
 
4.1 Determination of Young’s Modulus from Tensile Testing 
 
Young’s modulus is obtained from the slope of the elastic region of the stress-strain curve, as 
depicted in Figure 4-1. Five tensile tests on each material produced mean values of 179 ±3 and 
179 ±5 GPa for the 22 and 25%Mn alloys respectively, with error constituting the standard 
deviation of the measurements. Results of EBSD OIM revealed a texture index (TI) of 1.05, 
indicating crystallographic texture is not significantly influencing the bulk elastic properties.  
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Figure 4-1 - The elastic portion of the engineering stress(s) vs. strain(ε) curves for six tensile tests of the 
Fe–22/25Mn–3Al–3Si alloys. The red dashed line represents the linear fit to the elastic region, the slope 
of which is Young's modulus(E). 
 
The values of Young’s modulus are similar to those reported for other compositions of TWIP 
steel (175 for Fe-18Mn-0.6C and 174 GPa for Fe-18Mn-0.6C-1.5Al), which were measured by 
room temperature resonant frequency of samples under torsional vibration [15]. The high-Mn 
steels in this research and those in [15] exhibit E values ~10% less than the typical ~200 GPa for 
type 304 Fe-Cr-Ni austenitic steels [121]. Several authors report that alloying Mn with Fe-Cr-Ni 
steel decreases all bulk elastic constants, including Poisson’s ratio. In a study of Fe-Cr-Ni-Mn 
alloys, Young’s modulus values ranging from 190 to 200 GPa decreased with additions of Mn 
[122]. Ledbetter [123] showed that additions of up to 6 wt.% Mn in an Fe-Cr-Ni stainless steel 
resulted in a ~2% decrease in Young’s modulus.  
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4.2 Nanoindentation 
 
The reduced modulus, Mr, is determined from the unloading portion of the load-displacement 
curves in accordance with the Oliver-Pharr method [114]. A series of ten load-displacement 
curves are displayed in Figure 4-2 for a grain oriented near <111> in the Fe-25Mn-3Al-3Si alloy. 
The slope of the unloading curve at maximum depth, dP/dh, is related to the projected indenter 
contact area, A, and Mr by Equation (4-1).  
𝑆 = 𝑑𝑃
𝑑ℎ
= 2√𝐴
√𝜋
𝑀𝑟
1
                                                             (4-1) 
 
 
Figure 4-2 - Load vs. depth curves from ten individual indentations in a grain with surface normal in the 
<111> direction in the Fe–25Mn–3Al–3Si alloy. The stiffness, S, is measured from the slope of the 
unloading portion of the curve at maximum depth as depicted in the inset. 
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Vlassak and Nix [124] [125] confirmed that, for elastically anisotropic materials and 
axisymmetric indenters, the reduced modulus is related to the orientation dependent indentation 
modulus, Mhkl, by Equation (4-2).   
1
𝑀𝑟
= � 1
𝑀(ℎ𝑘𝑙)� + �1−𝜈𝑖2𝐸𝑖 �                                                  (4-2) 
where Ei and νi are the Young’s modulus and Poisson’s ratio of the indenter tip and are equal to 
1140 GPa and 0.07 respectively. The average values of M111, M110, and M100 for the Fe-(22/25) 
Mn-3Al-3Si alloys are 196.6/195.4/177.9 and 198.2/197.0/178.4 GPa, respectively, and are 
displayed in Figure 4-3.  
 
 
Figure 4-3 - Indentation modulus for grains with crystallographic planes {110}, {111} and {001} parallel 
to the specimen surface. Error bars represent the standard deviation of measurements. The dihedral angle 
is the angle between the planes as measured from the {110} plane and rotating about a <−110> axis. 
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In both alloys, the <111> orientation is slightly more rigid than <110>, while the <100> 
orientation is ~10% softer. Since the Berkovich indenter is not axisymmetric, the susceptibility 
of the indentation modulus to in-plane rotation was investigated. In the SEM image of Figure 2-3 
an annealing twin boundary (identified by dashed line) is present with habit plane perpendicular 
to the surface as confirmed by EBSD investigation. The crystal orientation is rotated by ~71° 
about <101> across the twin boundary.  The average indentation modulus, M110, on the left and 
right side of the twin is 198 and 195 GPa respectively, differing by about 1.5% which is within 
the uncertainty of the technique. For grains with a three- or four-fold rotation axis perpendicular 
to the surface, such as {111} and {100} planes, the uncertainty due to in plane rotation is 
expected to be less [124].  
 
4.3 Calculation of Elastic Constants 
 
The orientation-dependent indentation modulus, Mhkl, of an elastically anisotropic material is a 
complex function of the single-crystal elastic constants of the material, the shape of the indenter 
and other experimental factors [124] [125]. A model developed by Vlassak and Nix [124] [125] 
calculates Mhkl from single-crystal elastic constants, assuming an axisymmetric indenter. In 
theory, determining the contact stiffness in three different directions should enable one to 
calculate the three single-crystal elastic constants. However, as Vlassak and Nix observed [124], 
poor conditioning of the problem prevents this. In this work, we use a second mathematical 
model in conjunction with that of Vlassak and Nix. The Hershey-Kroner-Eshelby (HKE) method 
[103] calculates poly-crystal elastic properties from mono-crystal elastic constants and of 
numerous similar methods reviewed by Ledbetter, the HKE model was the most accurate when 
tested on Fe-19Cr-10Ni steel [103] and Cu [126]. By combining these methods and using an 
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iterative calculation process, the three single-crystal elastic constants are determined from 
indentation and poly-crystalline elasticity data.  
 
The HKE method [103] calculates the bulk shear modulus by considering an anisotropic non-
homogeneity in an isotropic matrix leading to a cubic equation of the form: 
𝐺3+𝛼𝐺2 + 𝛽𝐺 + 𝛾 = 0                                                          (4-3) 
where G is the shear modulus, 
                                                      𝛼 = 5𝐶11+4𝐶12
8
,              (4-4)                
                                                          𝛽 = −𝐶44(7𝐶11−4𝐶12)
8
,         (4-5) 
and                                                     𝛾 = −𝐶44(𝐶11−𝐶12)(𝐶11+2𝐶12)
8
.            (4-6) 
The Vlassak and Nix model relates Mhkl to the polycrystalline indentation modulus, E/(1-ν2), by 
the correction factor β(hkl).   
𝑀(ℎ𝑘𝑙) = 𝛽(ℎ𝑘𝑙) � 𝐸1−𝜈2�                                                             (4-7) 
where ν is the polycrystalline Poisson’s ratio and 
𝛽(ℎ𝑘𝑙) = 𝑎 + 𝑐(𝐴 − 𝐴0)𝐵                                                          (4-8) 
The value of constants a, c, A0 and B, tabulated in [125], depend on the grain orientation and the 
Poisson’s ratio in the <100> direction, defined as ν<100>, and equal to C12/(C11+C12). The 
theoretical model assumes an axisymmetric indenter but multiple studies have shown that it 
displays excellent agreement with experimental values of Mhkl obtained with a Berkovich 
indenter, for a variety of cubic materials [125] [127]. By assigning a value to ν<100>, in, the 
constants a, c, A0 and B of Equation (4-8) are defined from [125] for each crystal orientation. 
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The anisotropy ratio, A, is solved for in Equation (4-9) [125] with the use of the experimentally 
determined values M111 and M100: 
𝑀(111)
𝑀(100) = 𝑎111+𝑐111�𝑨−𝐴0,111�𝐵111𝑎100+𝑐100�𝑨−𝐴0,100�𝐵100               (4-9) 
The anisotropy ratio is related to the single-crystal elastic constants by Equation (4-10) [128]: 
𝐴 = 2𝐶44
𝐶11−𝐶12
                                                            (4-10) 
The polycrystalline indentation modulus is calculated from experimentally measured values of 
M111 and M100 in (4-11): 
�
𝑀(111)
𝛽(111) + 𝑀(100)𝛽(100)� 2� = � 𝐸1−𝜈2�                         (4-11) 
The polycrystalline Poisson’s ratio is calculated from the polycrystalline indentation modulus 
from (4-11) and the values of Young’s modulus determined from tensile testing. The bulk 
modulus, K, and shear modulus G are calculated using the standard elastic moduli relationships. 
The polycrystalline bulk modulus and single-crystal bulk modulus for cubic materials are 
assumed to be equal as shown in (4-12) and are typically near 1% of each other for austenitic 
steels [103]. 
𝐾 = 𝐸
3(1−2𝜈) = 𝐶11+2𝐶123       (4-12) 
The polycrystalline shear modulus is related to E and ν as shown in Equation (4-13) [128]. 
𝐺 = 𝐸
2(𝜈+1)          (4-13) 
Solving for C11, C12 and C44 is accomplished with the three independent Equations (4-3), (4-10) 
and (4-12). Since Equation (4-3) is a trivariate polynomial of the 2nd order (in the current context 
with G known and C11, C12 and C44 variables), the system of Equations produces two sets of 
solutions, one of which can be eliminated as it fails one or more of the mechanical stability 
requirements for cubic materials (C44>0, C11-C12>0, C11>0 and C11+C12+2C44>0) [128]. The term 
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ν<100>, out is calculated from C11 and C12 of the real solution set. Iterating the process above until 
ν<100>, out = ν<100>, in, yields the final values of C11, C12 and C44, which are listed in Table 4-1, and 
brings the HKE and Vlassak and Nix methods into agreement. The shear modulus is equal to 72 
GPa for both alloys while the bulk modulus is 114 and 115 for the 22 and 25%Mn grades 
respectively.  
64 
 
Table 4-1 – Indentation moduli (M111 and M100), polycrystalline elastic constants (E and ν) and calculated single-crystal elastic constants for three 
TRIP/TWIP steels, W, Al, Cu, type 316L and β-brass are listed. Established values of single-crystal elastic constants for Fe-Mn binary alloys, W, 
Al, Cu, steel type 316L and β-brass, from the literature, are provided for comparison.  
 Indentation Modulus (GPa) 
Poly Crystalline 
Modulus Calculated Elastic Constants (GPa)  
Literature Values of Elastic  
Constants (GPa)  
Mat. M111 M100 E (GPa) ν C11 C12 (C11-C12)/2 C44 A C11 C12 (C11-C12)/2 C44 A 
Fe-22Mn-
3Al-3Si 196.6
1 177.9 179±3 0.24±0.01 175 ±7 83±3 46±4 97±4 2.11±0.23 
Unavailable Fe-25Mn-3Al-3Si 198.2
1 178.4 179±5 0.24±0.01 174±7 85±3 45±4 99±4 2.22±0.24 
Fe-18Mn-
1.5Al-0.6C 
200.72 
[129] 180.8 173.8 [15] 0.24 169±6 82±3 43±4 96±4 2.21±0.24 
Fe-30Mn 
Unavailable  
200 [104] 127 36.5 130 3.56 
Fe-38.5Mn 169.2 [105] 97.7 35.8 140.1 3.92 
Fe-40Mn 170 [106] 98 36 141 3.92 
W 4381 [125] 439 409.8 [128] 0.28 524 204 160 160 1.00 522.4 [125] 204.4 159 160.8 1.01 
Al 791 [125] 77 70.4 [128] 0.35 108 63 22.5 29 1.29 106.8  60.4 23.2 28.3 1.22 
Cu 1371 [125] 124 128.7 [128] 0.35 179 125 27 69 2.60 169.7 [128] 122.6 23.6 74.5 3.16 
316L 2183 [130] 190 193 0.3 208 137 36 118 3.32 196 [130] 129 33.5 116 3.46 
β-Brass 1301 [125] 104 93 [131] 0.36 122 105 8.4 75 8.85 126.5 [125] 107.7 9.4 80.3 8.54 
1Berkovich indenter 
2Conical indenter 
3Vickers indenter 
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The elastic constants for the 22 and 25%Mn alloys are listed in Table 4-1, along with elastic 
constants from a third TWIP steel, Fe-18Mn-1.5Al-0.6C, calculated from indentation data in 
[129] and polycrystalline data in [15]. Elastic constants for binary Fe-30/38.5/40Mn at.% alloys 
from the literature [104] [105] [106] are displayed for comparison. The tetragonal shear modulus 
,(C11-C12)/2, of the TRIP/TWIP steels ranges between 43-46 GPa compared to 35.8-36.5 GPa for 
the binary Fe-Mn steels. The large discrepancy can be primarily explained by the difference in 
magnetic states of the alloys. Experimental evidence by several authors on the influence of Al, Si 
and C additions on the Néel temperature of Fe-Mn based alloys [48] [132] [133] indicate the 
three TRIP/TWIP steels are in a magnetically disordered state, whereas the binary Fe-Mn alloys 
are in the AFM regime at room temperature. In the binary alloys, AFM ordering suppresses (C11-
C12)/2. Cankurtaran et al. [106] quantified the effect by extrapolating (C11-C12)/2 from data in the 
PM state to room temperature, predicting the tetragonal shear modulus to be ~43 GPa at room 
temperature in the absence of AFM ordering, similar to the range of 43-46 GPa for the 
TRIP/TWIP steels.  
 
The normal shear moduli range from 96-100 GPa for the TRIP/TWIP steels and 130-141 GPa for 
the binary alloys. In both the TRIP/TWIP and binary Fe-Mn alloys, increasing Mn content 
resulted in an increase in C44, and the term was not significantly affected by magnetic state. The 
factors above result in anisotropy ratios ranging from 2.11 to 2.22 in the TRIP/TWIP steels 
compared to ~3.3-3.9 for binary Fe-Mn alloys [105] [106] and type 316L austenitic stainless 
steel [103].  In addition, the anisotropy ratios of the three steels are substantially lower than those 
predicted by ab-initio simulations for Fe-Mn alloys [109] and Fe-Mn-Al/Si alloys [111]. In the 
latter study, the anisotropy ratio of a Fe-19.6Mn-2Al (at.%) alloy is calculated to be 5.2, strongly 
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disagreeing with the experimental value obtained for an Fe-18Mn-1.5Al-0.6C alloy in the present 
work.  
 
4.4 Calculation Validation 
 
The nanoindentation technique is susceptible to experimental factors such as indenter type [125], 
surface finish, calibration procedures, etc. If two polycrystalline elastic constants are known in 
the proposed method, the nanoindentation technique is only necessary to calculate the anisotropy 
ratio from Equation (4-9), which is based on the ratio M111/M100, and less susceptible to the 
aforementioned uncertainties. If only one polycrystalline elastic constant is known, the second is 
calculated from the polycrystalline indentation modulus in (4-11), but should be verified for its 
accuracy with comparable materials. To test the accuracy of this technique, single-crystal elastic 
constants were calculated from indentation moduli and polycrystalline elastic constants available 
for W, Al, Cu, 316L steel and β-brass. The resulting values are compared to established values of 
elastic constants from the literature, in Table 4-1, for the respective materials. The materials 
present a large range of anisotropy. The calculated elastic constants, C11, C12 and C44, display 
good agreement with the literature values, differing by a standard deviation of ~4%. Even for a 
highly anisotropic material, such as β-brass, the model suffered no loss in accuracy. The 
calculated values of the tetragonal shear modulus and anisotropy ratio differ by standard 
deviations of ~9 and 11% respectively from established literature values.  
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4.5 Conclusions 
 
The following results and conclusions were drawn from this work:  
1. A method to derive single-crystal elastic constants from orientation-specific indentation 
moduli is proposed for use on polycrystalline cubic materials. The method generates 
single-crystal elastic constants to within a standard deviation of ~4% of established 
literature values.  
2. The method generates values of C11, C12 and C44 of 175±7/83±3/97±4 and 
174±7/85±3/99±4 GPa for two Fe-(22/25)Mn-3Al-3Si wt.% TRIP/TWIP alloys, 
respectively. For a Fe-18Mn-1.5Al-0.6C wt.% steel, with indentation data in the 
literature, the method generates elastic constants of 169±6/82±3/96±4 GPa, showing 
good agreement with the Fe-Mn-Al-Si steels. These values represent some of the first 
experimental single-crystal elastic constants for TRIP/TWIP steels and can be utilized to 
account for anisotropic elasticity, as in [82] [83] [85], to increase the accuracy of SFE 
measurements.  
3. Fe-(22/25)-3Al-3Si and Fe-18Mn-1.5Al-0.6C steels are magnetically disordered at room 
temperature and do not experience significant suppression of the shear term (C11-C12)/2 
caused by antiferromagnetic ordering. As a result, the anisotropy ratios of the 
TRIP/TWIP steels, 2.11-2.22, are significantly lower than those of ~3.5-3.9 for binary 
Fe-30-40Mn at.% alloys with similar composition but in the antiferromagnetic state. For 
TWIP steels in the antiferromagnetic regime at room temperature, such as the Fe-22Mn-
0.6C grade, the elastic anisotropy is expected to be higher.  
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CHAPTER 5 
 
 
THE INFLUENCE OF MANGANESE CONTENT ON THE STACKING-FAULT AND 
AUSTENITE/ε-MARTENSITE INTERFACIAL ENERGIES 
 
 
This chapter is heavily based on accepted and published papers [115] [116] [117] [134] although 
the relevant introductory material and experimental procedures are covered in chapters 1 and 2.  
 
 
5.1 Stacking-Fault Energy Measurements 
 
Additions of Mn from 22 to 28 wt.% increase the SFE and reduce the partial-dislocation 
separations. Partial-dislocation core separations in the 22%Mn alloy ranged from 6 to 13 nm 
depending on character angle. Figure 5-1a displays a WBDF image of a partial-dislocation pair 
with a character angle of 39° in a specimen deformed to the YP. The average actual partial-
dislocation core separation is 9.3 ±1.1 nm, in which the uncertainty is one standard deviation of 
all measurements along the length of the dislocation (note: measurements were taken every 5-10 
nm along the length of dislocations but most are removed from the figures for clarity). The BF 
image in Figure 5-1b of the same dislocation illustrates the increased resolution of the WBDF 
technique. In Figure 5-1c, a dislocation pair in a 22%Mn specimen deformed to the YP with a 
smaller character angle of 26° exhibits an average core separation of 6.6 ±0.5 nm. Due to a low 
SFE, partial-dislocation separations in the 22%Mn alloy displayed greater variations and 
susceptibility to image forces, as evidenced by partial dislocations in specimens deformed to the 
YP in Figure 5-2. The width of the partials in Figure 5-2a fluctuates dramatically at the foil 
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surfaces, where the partials are constricted at one intersection while showing a large separation 
distance at the other. In Figure 5-2b, a partial-dislocation pair in the (111) habit plane normal to 
the [111] beam, imaged with a -220 g-vector, is interacting with a stacking fault on (-111). The 
partial dislocations in (111) experience a contraction in their separation at the intersection with 
the partial dislocation on the inclined plane. In an image of the same defects with a 02-2 g-vector 
(Figure 5-2c), one of the partials on (111) and SF on (-111) become invisible (|g∙bp| = 0). This 
study avoided partial dislocations such as those in Figure 5-2 for quantitative measurements.   
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Figure 5-1 – Images of dislocations in 22%Mn specimens deformed to the YP. (a) WBDF and (b) 
corresponding BF image of a partial-dislocation pair. (c) WBDF image of a second partial dislocation pair 
closer to screw character and displaying reduced separation. Only a few representative separation 
measurements are shown. 
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Figure 5-2 – WBDF images of partial-dislocation pairs in a 22%Mn alloy deformed to the YP. In (a) the 
partials display non-uniform separation, most dramatically at the intersections with the foil surfaces. In 
(b) a partial-dislocation pair residing in (111) normal to the [111] beam direction is interacting with a 
stacking fault on (-111). In (c), the defects in (b) are imaged with a 02-2 diffracting vector leading to 
invisibility of one of the partials in (111) and the SF on (-111). 
   
The separation of partials in the 25%Mn alloy ranges from 4 to 7 nm, with Figure 5-3 showing a 
partial-dislocation pair with average actual spacing of 4.9 ±0.5 nm and a total character angle of 
22°. Additional measurements of partial-dislocation separations in this alloy were reported in 
preliminary publication [115].  
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Figure 5-3 – A WBDF image of a partial-dislocation pair in an Fe-25Mn-3Al-3Si alloy deformed to the 
YP. 
 
Partial-dislocation separations in the 28%Mn alloy ranged from 2.6 to 4.3 nm. Imaging with 
g(4g) diffracting conditions decreased image-widths and reduced the discrepancy between 
observed and actual partial-dislocation separations. In figure 5-4a, a partial-dislocation pair with 
kinks or jogs along its length and a character angle of 40° exhibits an average actual spacing of 
3.3 nm on uniform sections. In Figure 5-4b a partial-dislocation pair with a character angle of 
15° displays an average actual spacing of 2.5 nm.  At small spacing the intensity of the partial-
dislocation image located between the partial-dislocation cores becomes significantly weaker due 
to fewer atomic planes oriented for scattering, as clearly shown in Figure 5-4b.  
73 
 
 
Figure 5-4 – WBDF images of partial-dislocation pairs in specimens of the 28%Mn alloy deformed to (a) 
the YP and (b) 1.5% with heat treatment of 650°C for 48 h. 
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The character of stacking faults (intrinsic vs. extrinsic) in the present alloys, as determined by 
typical diffraction contrast methods (e.g., Williams and Carter [88] and Edington [89]), is 
intrinsic. Figures 5-5a, b and c display three dark-field TEM micrographs of stacking faults 
corresponding to the 22, 25 and 28%Mn alloys respectively. In Figure 5-5a and c the 111 g-
vector is pointing away from the bright fringe while in 5-5b the 002 g-vector is pointing towards 
the bright fringe indicating they are all intrinsic in nature. Of ~10 faults investigated for each 
alloy, all were intrinsic. 
 
Figure 5-5 – Dark-field images of intrinsic SFs in (a) the 22%Mn, (b) the 25%Mn and (c) the 28%Mn 
alloys as identified by the procedure in [89] [88]. 
  
Figure 5-6 displays the average spacing of partial-dislocation pairs in the three alloys. 
Theoretical partial-dislocation spacing curves based on Equation (1-4) with the modification that 
effective values of the shear modulus and Poisson’s ratio are utilized in lieu of polycrystalline 
values. The relationship for the effective shear modulus and Poisson’s ratio are given in 
Equations (1-5) through (1-7), and account for elastic anisotropy in (111). The term bp from 
Equation (1-4) is the ao/6<112> partial-dislocation Burgers vector, determined by XRD of 
recrystallized Fe-22/25/28Mn-3Al-3Si specimens to be 0.1476, 0.1477 and 0.1479 nm, 
respectively and the total dislocation character angle is β. The effective shear modulus, μeff, for 
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dislocations in {111} is a function of the single-crystal elastic stiffness constants C11, C12 and 
C44, and defined by Equation (1-5). Equations (1-6) and (1-7) denote the relationship between the 
effective Poisson’s ratio, νeff, and the single-crystal elastic constants. For the 22, 25 and 28%Mn 
alloys, respectively, μeff=67±4, 66±4, 66±4 GPa and νeff=0.30, 0.31 and 0.31. The terms μeff and 
νeff account for anisotropic elasticity in {111} and are calculated from equations using single-
crystal elastic constants determined in Chapter 4 ( [119]). The experimental SFEs for the 22, 25 
and 28%Mn alloys are 15±3, 21±3 and 40±5 mJ m-2, respectively. The large increase in SFE 
energy above 25 wt.% Mn is consistent with experimental observations that show a sharp 
reduction in the ε-martensite start temperature for additions of Mn above 25 wt.% in binary Fe-
Mn alloys [98] [135]. The uncertainty of the SFE is primarily due to the scatter of average dactual 
values between different dislocations (data points in Figure 5-6) and uncertainties of νeff and μeff. 
The first two sources of uncertainty are accounted for by fitting upper and lower bounds (SFE 
curves) that encompass the majority of the data points for a given composition as shown in 
Figure 5-6. The uncertainty from these two sources was determined to be ±20.0, ±14.3 and 
±12.5% of the SFE for the 22, 25 and 28%Mn alloys, respectively. The uncertainty of μeff is 
±6.0%. The final uncertainty of the SFE for the 22, 25 and 28%Mn alloys was obtained from the 
root sum square of the two calculated values and is ±20.9 (e.g., (20.02 + 6.02)12), ±15.5 and 
±13.9% or ±3, ±3 and ±5 mJ m-2 (rounded to one significant figure). Volosevich et al. [79] 
reported SFE values of ~15 and 27.5 mJ m-2 for Fe-22/25Mn wt.% alloys, respectively, by TEM 
observation of extended nodes. These values likely overestimate the SFE, since the combined 
effect of adding 3 wt.% Al and Si would raise the SFE, yet the SFE values of the Fe-22/25Mn-
3Al-3Si steels are equal or less. If isotropic elasticity is applied to the measurements on the 
22%Mn alloy (i.e., using Equation (1-4) with polycrystalline shear modulus and Poisson’s ratio 
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of 72 GPa and 0.24 [119], respectively) the SFE is 16 ±4 mJ m-2 (dashed lines in Figure 5-6). 
The SFE determined with isotropic elastic constants overestimates the anisotropic value by ~7% 
and results in a poorer data fit, producing a larger uncertainty of ±4 mJ m-2. The overestimation 
of the SFE results from the use of the larger isotropic shear modulus and the poorer data fit stem 
from the large difference between the isotropic and effective values of the Poisson’s ratio. The 
elastic anisotropy ratio (2C44/(C11-C12)) of the present materials is ~2.2 (See Chapter 4).  For 
FCC materials, μeff and νeff will become increasingly smaller and larger, respectively, relative to 
the polycrystalline values, as the elastic anisotropy ratio increases [84]. 
 
Figure 5-6 – Average actual partial-dislocation separations for the 22, 25 and 28%Mn alloys for 
specimens deformed to the YP and 1.5% with heat treatments. The error bars represent the standard 
deviation of the measurements on individual pairs. The dashed and solid curves represent theoretical 
partial-dislocation spacings based on isotropic and anisotropic elasticity, respectively. The dash dot line 
for the 28%Mn alloy assumes a Peierls core model. The larger symbols correspond to the partial 
dislocations from Figures 5-1, 5-3 and 5-4. 
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In the above analysis, the partial dislocation cores are treated as purely elastic defects, i.e. as 
singular Volterra type dislocations with a core width of zero. However, the core width of 
dislocations may not be zero and, at small partial-dislocation separations, such as those observed 
in the 28%Mn alloy, core effects can influence SFE measurements as shown by Cockayne and 
Vitek [86]. The dislocation core thickness can influence the force acting between two partial 
dislocations and thus, their separation. The partial-dislocation separation obtained from a Peierls-
type core model, dPeierls, which accounts for core width, is related to the partial-dislocation 
separation of Equation (1-4), dactual, by Equation (1-8) [86]. In this model, as core width 
increases, the repulsive force acting between the two partial dislocations decreases. Since the 
core width, ζ, is unknown, a reasonable approximation is twice the lattice parameter (0.724 nm), 
as employed by Cockayne and Vitek [86]. Applying this model to the partial-dislocation 
separation measurements of the 28%Mn alloy yields a SFE of 37.5 mJ m-2 as depicted in Figure 
5-6 (dash-dot line), which is slightly smaller than 40 mJ m-2 obtained assuming  singular cores. 
The fit of Equation (1-8) to the partial-dislocation separation measurements of the 28%Mn alloy 
becomes increasingly worse as the core thickness is increased above 0.724 nm. Therefore, the 
true value of the partial-dislocation core width for the 28%Mn alloy is likely between 0 and 
0.724 nm. As such, the SFE of the 28%Mn alloy is taken as the average of the two SFE values, 
38.8 ±5 mJ m-2. Since the partial-dislocation separations of the 22 and 25%Mn alloys are 
substantially larger, assuming a core width of 0.724 nm in these alloys produced no significant 
change in the SFE. Cockayne and Vitek [86] also suggested that partial-dislocation core widths 
greater than twice the lattice constant may lead to a less well defined image peak and an 
additional narrow image peak under certain circumstances [86]. No such features observed in the 
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WBDF images for each alloy could be attributed to these effects giving further confidence that 
the partial dislocation core thickness is below 0.724 nm.  
 
5.2 Coherency Strain Energy Contribution 
 
The FCC matrix and εhcp-martensite have the (111)γ||(0001)ε/[1-10]γ||[1-210]ε orientation 
relationship. However, the εhcp-martensite phase displays a slightly smaller molar volume than 
the austenite phase. Brooks et al. [53] showed the local close packed plane (CPP) spacing of 
single stacking faults contracts ~2% relative to the CPP spacing of the austenitic matrix in Fe–
Cr–Ni steels, and thus that stacking faults are εhcp-martensite embryos or nuclei. Marinelli et al. 
[55] [56] observed decreases in the molar volume of the εhcp-martensite structure of ~2% relative 
to austenite in binary Fe-Mn alloys. The propensity to contract is resisted by the matrix (i.e., 
austenite phase), which results in the deformation of both austenite matrix and the martensite 
phase. This coherency strain increases the energy of the stacking fault complex. It is desirable to 
remove the coherency strain-induced energy contribution from the SFE of experimental 
measurements so that comparison to theoretical SFE values is applicable. Two procedures for 
calculating the coherency strain energy were discussed in Section 1.3.2 [51] [57]. The Müllner 
and Ferreira [57] model assumes that the coherency strain is volume preserving (i.e., VS=0), 
which contrasts with our experimental measurements. Therefore, the method of Olson and Cohen 
[51] has been used to estimate the coherency strain energy in this study. 
 
The orientation of the principal strain axes ε11, ε22 and ε33 are assumed to remain unchanged by 
the transformation resulting in values of 0 for shear strains ε12, ε23 and ε13 in Equation (1-22). The 
accommodation factor (η) is the ratio between the total energy per unit inclusion (i.e., martensite 
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phase) volume embedded in the austenite phase to the energy per unit inclusion volume 
embedded in a hypothetical rigid matrix [51] [102]. For pure dilatation η is constant regardless of 
particle shape and is built in to Equation (1-21). For shear strain, η may vary from 0 to 1 
depending on particle shape and the strain state [102]. Following [51] [135], η for a spherical 
inclusion, which is independent of strain state, is employed: 
𝜂 = 7−5𝜈
15(1−𝜈)                                                                (5-1) 
Table 5-1 provides the lattice parameters of the FCC and εhcp-martensite phases obtained from 
the Rietveld refinement of XRD patterns from recrystallized specimens (for FCC) and those 
displayed in Figure 5-7 from specimens deformed to failure (for HCP), with uncertainty 
representing equipment error.  The XRD patterns in Figures 5-7a, 5-7b and 5-7c are from the 22, 
25 and 28%Mn samples after deformation to failure at RT, -25°C and -100°C, respectively. The 
presence of strain-induced ε-martensite is confirmed for each condition, while the formation of 
strain-induced α-martensite is noted in the 22 and 25%Mn alloys.  
 
Table 5-1 – Lattice constants determined by XRD. 
 FCC (Å) εhcp-martensite (Å) 
Alloy  afcc cfcc (2aFCC /√3)  ahcp chcp 
22%Mn 3.615±0.001 4.175±0.002 2.548±0.003 4.153±0.005 
25%Mn 3.617±0.001 4.177±0.002 2.547±0.003 4.151±0.005 
28%Mn 3.620±0.001 4.180±0.002 2.545±0.003 4.152±0.005 
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Figure 5-7 – XRD patterns for (top) an Fe-22Mn-3Al-3Si alloy deformed at room temperature, (middle) 
an Fe-25Mn-3Al-3Si alloy deformed at -25°C and (bottom) an Fe-28Mn-3Al-3Si alloy deformed at -
100°C. All samples deformed to maximum uniform elongation. The peaks are labeled according to phase 
and reflection in miller indices. 
 
A slight increase in the lattice parameters of the FCC phase with Mn content is observed while 
no trend in the HCP lattice parameters can be deduced over the current range of Mn.  Utilizing 
the lattice parameters from Table 5-1 in conjunction with the method reported by Olson and 
Cohen [51] yields ε11, ε22, ε33, VS, Edil, Esh and 2ρEstr  as shown in Table 5-2. The uncertainties, 
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calculated using a root sum square approach, are ~25% for ε11, ε22 and ε33 and ~43% for VS. The 
uncertainties are ~62 and 79% for Edil and Esh. The value of Esh is small compared to Edil for the 
Fe-22/25/28Mn-3Al-3Si alloys and consequently, the uncertainty of 2ρEstr is also ~62%. The 
values of VS ranged from -0.011 to -0.018 (-1.1 to -1.8%). Notwithstanding a substantial 
uncertainty in the calculation of the strain components, the experimental data suggest that 
contraction increases with Mn content. This is in line with the previous studies conducted on 
binary Fe-Mn steels [55] [56]. The value of (𝐸𝑠ℎ + 𝐸𝑑𝑖𝑎) calculated by Olson and Cohen [51] is 
41.9 mJ mol-1 for an Fe-Cr-Ni steel and similar to the values calculated here (see Table 5-2). In 
addition, Müllner and Ferreira [57] calculated a value of 4.3 mJ m-2 for 2ρEstr for a type 316 
austenitic steel which is similar to the values calculated in the present work of 1.4 ±0.87, 2.3±1.4 
and 3.6 ±2.2 mJ m-2 for the Fe-22/25/28Mn-3Al-3Si alloys, respectively.  
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Table 5-2 – Parameters used in the calculation of Estr and σγ/ε for Fe-Mn based alloys 
Parameter 
Fe-22Mn-
3Al-3Si 
Fe-25Mn-
3Al-3Si 
Fe-28Mn-
3Al-3Si 
Fe-16Mn Fe-18Mn Fe-20Mn Fe-22Mn Fe-25Mn Fe-
17.7Mn-
0.62C 
Fe-
17.7Mn-
0.59C-
1.59Si 
Fe-
17.5Mn-
0.58C-
1.54Al 
Fe-
18Mn-
0.6C 
Fe-
18Mn-
0.6C-
1.5Al 
Fe-18Mn-
0.6C-
2.5Al 
𝛾𝑒𝑥𝑝(mJ m-2)1 15 ±3 21±3 38.8±5 26±3.1 22±2.6 18±2.2 15±1.8 27.5±3.3 19.3±2.5 13.8±2.5 29.1 13±3 30±10 40.4 
μ (GPa)2 72 72 72 69 69 69 69 69 71 72.5 70.1 71 70.1 70.1 
ν2 0.24 0.24 0.24 0.23 0.23 0.23 0.23 0.23 0.23 0.24 0.24 0.23 0.24 0.24 
e113 -0.0032 -0.0041 -0.0058 -0.0029 -0.0029 -0.0025 -0.0033 -0.0033 
   
   
e223 -0.0032 -0.0041 -0.0058 -0.0029 -0.0029 -0.0025 -0.0033 -0.0033 
   
   
e333 -0.0051 -0.0061 -0.0067 -0.0145 -0.0144 -0.0146 -0.0153 -0.0154 
   
   
VS3 -0.011 -0.014 -0.018 -0.020 -0.020 -0.019 -0.022 -0.022 
   
   
Edil (J mol-1)4 24.1 38.3 61.1 69.2 69.4 65.1 81.7 83.4 71.4 74.4 72.0 71.4 72.0 72.0 
Esh (J mol-1)4 0.6 0.7 0.2 21.8 21.4 24.0 23.3 24.0 22.0 22.6 21.8 22.0 21.8 21.8 2𝜌𝐸𝑠𝑡𝑟 (mJ 
m-2) 4 
1.4±0.9 2.3±1.4 3.6±2.2 5.4±0.5 5.4±0.5 5.3±0.5 6.2±0.5 6.4±0.5 5.5±0.5 5.8±0.5 5.6±0.5 5.5±0.5 5.6±0.5 5.6 
𝑇𝑁𝑒𝑒𝑙
𝐹𝐶𝐶 5 (K) 267 282 298 310 332 352 370 395 289 237 268 289 268 261 
𝑇𝑁𝑒𝑒𝑙
𝐻𝐶𝑃5 (K) 123 137 153 94 106 118 129 147 101 100 99 104 102 101 2𝜌∆𝐺𝑐ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 
(mJ m-2)6 
-6.7 -0.2 9.1 -48.4 -43.9 -38.8 -33.3 -24.2 -11.4 -13.2 1.0 -11.9 2.6 11.4 
2𝜌∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝 
(mJ m-2)6 
1.5 2.0 2.6 3.9 6.0 8.3 10.7 14.0 2.1 0.8 1.4 2.1 1.4 1.2 
σγ/ε (mJ m-2)7 9.3±1.6 8.6±1.7 11.8±2.7 32.5±1.6 27.3±1.3 21.6±1.1 15.7±0.9 15.7±1.7 11.5±1.3 10.3±1.3 10.6±1.3 8.6±1.5 10.2±5 11.1 
1Experimental SFEs taken from present work and [15] [16] [79]. The term 𝛾𝑒𝑥𝑝 for the Fe-18Mn-0.6C-2.5Al alloy is calculated. 
2Shear modulus and Poisson ratio taken from [15] [16] [79] [119]. Assumed to be the same for Fe-18Mn-0.6C-1.5/2.5Al alloys. 
 3Strain values obtained from lattice parameters determined in the present work and [55] [56].  
4Strain energy terms are calculated using the strain values in accordance with the methodology discussed in Chapters 1 and 5 (strain values for Fe-18Mn grade used for Fe-18Mn-0.6C-0/1.5/2.5(Al/Si) 
alloys). Uncertainties for the Fe-22/25/28Mn-3Al-3Si and binary Fe-Mn alloys are based on the uncertainty of the lattice parameters and the standard deviation of 2𝜌𝐸𝑠𝑡𝑟 (for Fe-16/18/20/22/25Mn 
alloys), respectively. 
 5𝑇𝑁𝑒𝑒𝑙𝐹𝐶𝐶  is obtained from [48] [98] [132] [136]. 𝑇𝑁𝑒𝑒𝑙𝐻𝐶𝑃 is obtained from Equation (5-12) [137]. 
 6 Terms 2𝜌∆𝐺𝑐ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 and 2𝜌∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝 were determined with the model developed in the present work. 
 7Calculated interfacial energy in accordance with Equation (1-15). Interfacial energy for Fe-18Mn-0.6C-2.5Al steel is calculated using Equation (5-13).  
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Figure 5-8 shows the experimental (γexp) and ideal (γ∞) SFE values. The dependence of γexp and 
γ∞ on Mn content above 24.7 wt.% is approximated as linear functions displayed in Figure 5-8. 
The use of linear functions (rather than higher order polynomials) to describe the increase in SFE 
for Mn contents greater than 24.7 wt.% is consistent with other experimental SFE measurements 
which exhibit quasi-linear behavior from 25 to 35 wt.% Mn [79] [138]. Quadratic polynomial 
functions of γexp and γ∞ as a function of Mn content (displayed in Figure 5-8) were employed to 
approximate the SFE in the range of 22.2 to 24.7 wt.%Mn. The data indicate that a plateau of γexp 
and γ∞ occurs near 22wt.% Mn which is in good agreement with the experimentally observed 
minimums of 22 wt.%Mn by Volosevich et al. [79] and between 20 and 25 wt.% (depending on 
purity of the Fe-Mn alloys) by Petrov et al. [138].   
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Figure 5-8 – Experimental effective SFE (γexp) and ideal SFE (γ∞) values with error bars representing the 
standard deviation of the measurements. Chemical (𝑛𝜌∆𝐺𝐶ℎ𝑒𝑚
𝑓𝑐𝑐→ℎ𝑐𝑝) and magnetic (𝑛𝜌∆𝐺𝑀𝑎𝑔
𝑓𝑐𝑐→ℎ𝑐𝑝) 
contributions to the difference in Gibbs free energy from the FCC to HCP phase transformation 
determined by thermodynamic model (note: the values of 𝑛𝜌∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 denoted by the dashed line were 
calculated using 𝐿𝐹𝑒,𝑀𝑛:𝑉𝑎𝐻𝐶𝑃  proposed by Djurovic et al. [139]). Interfacial parameters σγ/ε calculated from 
the experimental and theoretical data. All values are plotted as a function of Mn content. The dash-dot 
line indicates Mn content at which the Néel transition occurs at 298K for an Fe-XMn-2.7Al-2.9Si wt.% 
steel [132]. 
 
5.3 Thermodynamic Modeling 
 
To determine the interfacial energy from Equation 1-15, a new thermodynamic model was 
developed to calculate ∆𝐺𝐶ℎ𝑒𝑚
𝑓𝑐𝑐→ℎ𝑐𝑝 and ∆𝐺𝑀𝑎𝑔
𝑓𝑐𝑐→ℎ𝑐𝑝 for the present Fe-Mn-Al-Si-C system. 
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Existing thermodynamic models [3] [17] [35] [96] [98] for Fe-Mn based steels were evaluated 
and deemed unsuitable for the present study for several reasons. The models of Saeed-Akbari et 
al. [35], Mosecker and Saeed-Akbari [17] and Nakano and Jacques [98] address the Fe-Mn-Al-C, 
Fe-Cr-Mn-N and Fe-Mn-C systems, respectively, but do not attempt to specifically address the 
influence of Si. Experimental studies on Fe-18Mn-0.6C-0/1.5Si [16] wt.% and Fe-31Mn-xSi-
0.77C at.% [140] alloys report decreases in the SFE with additions of Si. However, the model of 
Dumay et al. [96] shows that additions of Si up to ~4 wt.% increase the SFE of an Fe-22Mn-
0.6C steel, disagreeing with the experimental results. The model of Curtze et al. [3] utilizes the 
same thermodynamic parameters as used by Dumay et al. [96] for both pure Si and its interaction 
with Fe.  A thermodynamic model by Tian and Zhang [141] also predicts an increase in SFE for 
Fe-31Mn-xSi-0.77C (x=at.%) alloys for Si additions up to 10.2 at%. The more recent 
thermodynamic models of Nakano and Jacques [98] and Mosecker and Saeed-Akbari [17] show 
that the treatment of interstitial elements like C is enhanced by the use of a sub-lattice type 
thermodynamic model. Finally, improved thermodynamic parameters for the Mn-C and Fe-Mn-
C systems have recently been published by Djurovic et al. [139] [142].  For the new model, the 
FCC and HCP phases were treated as randomly mixed substitutional solutions with two 
sublattices: substitutional and interstitial [17] [98]: (𝐹𝑒,𝑀𝑛,𝐴𝑙, 𝑆𝑖)1(𝐶,𝑉𝑎)𝜆                                                       (5-2) 
with λ equal to 1 for FCC and 0.5 for HCP, assuming that interstitial elements do not occupy 
neighboring octahedral sites in the HCP structure [98] [143]. The term “Va” stands for vacancy. 
The terms 𝐺𝑚
ℎ𝑐𝑝 and 𝐺𝑚
𝑓𝑐𝑐 are the molar Gibbs free energy of the individual phases, Φ (FCC or 
HCP) [17] [98]: 
𝐺𝑚
𝜙 = 𝑦𝐹𝑒𝜙 𝑦𝐶𝜙 𝐺𝐹𝑒:𝐶𝜙 +0 𝑦𝐹𝑒𝜙 𝑦𝑉𝑎𝜙 𝐺𝐹𝑒:𝑉𝑎𝜙 +0 𝑦𝑀𝑛𝜙 𝑦𝐶𝜙 𝐺𝑀𝑛:𝐶𝜙 +0 𝑦𝑀𝑛𝜙 𝑦𝑉𝑎𝜙 𝐺𝑀𝑛:𝑉𝑎𝜙 +0  
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𝑦𝐴𝑙
𝜙(𝑦𝑉𝑎𝐹𝐶𝐶+𝑦𝑉𝑎𝐻𝐶𝑃
2
) 𝐺𝐴𝑙:𝑉𝑎𝜙 + 𝑦𝑆𝑖𝜙(𝑦𝑉𝑎𝐹𝐶𝐶+𝑦𝑉𝑎𝐻𝐶𝑃2 ) 𝐺𝑆𝑖:𝑉𝑎𝜙 +00 𝑅𝑇 �𝑦𝐹𝑒𝜙 𝑙𝑛𝑦𝐹𝑒𝜙 + 𝑦𝑀𝑛𝜙 𝑙𝑛𝑦𝑀𝑛𝜙 + 𝜆𝑦𝐶𝜙𝑙𝑛𝑦𝐶𝜙 +𝜆𝑦𝑉𝑎𝜙 𝑙𝑛𝑦𝑉𝑎𝜙 + 𝑦𝐴𝑙𝜙𝑙𝑛𝑦𝐴𝑙𝜙 + 𝑦𝑆𝑖𝜙𝑙𝑛𝑦𝑆𝑖𝜙 � +
𝐺𝑚
𝜙𝑒𝑥                                                                                                                                            (5-3)                  
In Equation (5-3), R is the gas constant and T is the temperature in K. The site fractions of the 
individual elements, 𝑦𝑖, in the substitutional lattice are calculated as: 
𝑦𝑖 = 𝑥𝑖(1−𝑥𝐶)                                                             (5-4) 
and for C in the interstitial lattice as: 
𝑦𝐶 = 𝑥𝐶𝜆(1−𝑥𝐶)                                                             (5-5) 
where x is the mole fraction of each element. Equation (5-6) defines the correlation between the 
individual site fractions: 
𝑦𝐹𝑒+𝑦𝑀𝑛+𝑦𝐴𝑙+𝑦𝑆𝑖 = 𝑦𝐶+𝑦𝑉𝑎 = 1                                                  (5-6) 
The thermodynamic parameters 𝐺𝑖:𝑉𝑎𝜙  and 𝐺𝑖:𝐶𝜙  in Equation (5-3) are listed in Table 5-3. They 
represent the Gibbs energy of substitutional element i in phase Φ when all available interstitial 
sites are vacant (Va) or occupied by C, respectively. The terms 𝐺𝐴𝑙:𝐶𝜙0  and 𝐺𝑆𝑖:𝐶𝜙0  were not 
included in Equation (5-3) due to a lack of data for the HCP phase. In addition, average vacancy 
site fractions, �𝑦𝑉𝑎
𝐻𝐶𝑃+𝑦𝑉𝑎
𝐹𝐶𝐶
2
�, were used for Si and Al and resulted in significantly better agreement 
with experimental results for steels with Si and C. The combined term ∆ 𝐺𝑆𝑖:𝑉𝑎𝐻𝐶𝑃→𝐹𝐶𝐶0  replaces 
𝐺𝑆𝑖:𝑉𝑎𝐻𝐶𝑃0 , 𝐺𝑆𝑖:𝑉𝑎𝐹𝐶𝐶0  and 𝑅𝑇𝑦𝑆𝑖𝜙𝑙𝑛𝑦𝑆𝑖𝜙 in the calculation of ∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝. The excess free energy is 
described as [98]: 
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𝐺𝑚
𝜙𝑒𝑥 = 𝑦𝐹𝑒𝜙 𝑦𝑀𝑛𝜙 𝑦𝐶𝜙𝐿𝐹𝑒,𝑀𝑛:𝐶𝜙 + 𝑦𝐹𝑒𝜙 𝑦𝑀𝑛𝜙 𝑦𝑉𝑎𝜙 𝐿𝐹𝑒,𝑀𝑛:𝑉𝑎𝜙 + 𝑦𝐹𝑒𝜙 𝑦𝐶𝜙𝑦𝑉𝑎𝜙 𝐿𝐹𝑒:𝐶,𝑉𝑎𝜙 + 𝑦𝑀𝑛𝜙 𝑦𝐶𝜙𝑦𝑉𝑎𝜙 𝐿𝑀𝑛:𝐶,𝑉𝑎𝜙 +
𝑦𝐹𝑒
𝜙 𝑦𝐴𝑙
𝜙(𝑦𝑉𝑎𝐹𝐶𝐶+𝑦𝑉𝑎𝐻𝐶𝑃
2
)𝐿𝐹𝑒,𝐴𝑙:𝑉𝑎𝜙 + 𝑦𝑀𝑛𝜙 𝑦𝐴𝑙𝜙(𝑦𝑉𝑎𝐹𝐶𝐶+𝑦𝑉𝑎𝐻𝐶𝑃2 )𝐿𝑀𝑛,𝐴𝑙:𝑉𝑎𝜙 + 𝑦𝐹𝑒𝜙 𝑦𝑆𝑖𝜙(𝑦𝑉𝑎𝐹𝐶𝐶+𝑦𝑉𝑎𝐻𝐶𝑃2 )𝐿𝐹𝑒,𝑆𝑖:𝑉𝑎𝜙 +
𝑦𝑀𝑛
𝜙 𝑦𝑆𝑖
𝜙(𝑦𝑉𝑎𝐹𝐶𝐶+𝑦𝑉𝑎𝐻𝐶𝑃
2
)𝐿𝑀𝑛,𝑆𝑖:𝑉𝑎𝜙                                                                                                        (5-7) 
where 𝐿𝑖,𝑗:𝐶,𝑉𝑎𝜙  is the interaction parameter for the elements in phase Φ, listed in Table 5-3. 
Parameters describing the interaction of Al and Si with C were not available for the HCP phase. 
Average vacancy site fractions were used for 𝐿𝐹𝑒,𝐴𝑙:𝑉𝑎𝜙 , 𝐿𝑀𝑛,𝐴𝑙:𝑉𝑎𝜙 , 𝐿𝐹𝑒,𝑆𝑖:𝑉𝑎𝜙  and 𝐿𝑀𝑛,𝑆𝑖:𝑉𝑎𝜙  to 
improve agreement with experimental SFE measurements of steels with interstitial C. For 
aluminium, the combined term ∆𝐿𝐹𝑒,𝐴𝑙:𝑉𝑎𝐻𝐶𝑃→𝐹𝐶𝐶 replaces 𝐿𝐹𝑒,𝐴𝑙:𝑉𝑎𝜙  in Equation (5-7) for the calculation 
of ∆𝐺𝐶ℎ𝑒𝑚
𝑓𝑐𝑐→ℎ𝑐𝑝.  
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Table 5-3 – Thermodynamic parameters used to determine ∆𝑮𝑪𝒉𝒆𝒎
𝒇𝒄𝒄→𝒉𝒄𝒑a 
FCC phase Ref. 
𝐺𝐹𝑒:𝑉𝑎𝐹𝐶𝐶0 = −236.7 +  132.416𝑇 −  24.664 𝑇 𝐼𝑛(𝑇) − 0.00376𝑇2 − 5.893𝐸−8𝑇3 + 77358.5 𝑇−1 [144] 
𝐺𝑀𝑛:𝑉𝑎𝐹𝐶𝐶0 = −3439.3 +  131.884𝑇 −  24.5177𝑇 𝐼𝑛(𝑇) − 0.006𝑇2 + 69600𝑇−1 [144] 
𝐺𝐹𝑒:𝐶𝐹𝐶𝐶0 − 𝐺𝐹𝑒:𝑉𝑎𝐹𝐶𝐶0 − 𝐺𝐶𝐺𝑟𝑎. = 77207 − 15.877𝑇 [145] 
𝐺𝑀𝑛:𝐶𝐹𝐶𝐶0 = 𝐺𝑀𝑛:𝑉𝑎𝛼0 + 𝐺𝐶𝐺𝑟𝑎. + 13.659𝑇 [142] 
𝐺𝐴𝑙:𝑉𝑎𝐹𝐶𝐶0 = −7976.15 +  137.093 𝑇 −  24.367 𝑇 𝐼𝑛(𝑇) −  1.8846𝐸−3𝑇2 − 0.87766𝐸−6𝑇3 + 74092 𝑇−1 [144] 
𝐿𝐹𝑒:𝑉𝑎,𝐶𝐹𝐶𝐶 = −34671 [145] 
𝐿𝑀𝑛:𝑉𝑎,𝐶𝐹𝐶𝐶 = −41333 [142] 
𝐿𝐹𝑒,𝑀𝑛:𝐶𝐹𝐶𝐶 = 20082 − 11.6312𝑇 [139] 
𝐿𝐹𝑒,𝑀𝑛:𝑉𝑎𝐹𝐶𝐶 = −7762 + 3.865𝑇 − 259�𝑦𝐹𝑒−𝑦𝑀𝑛� [137] 
𝐿𝑀𝑛.𝐴𝑙:𝑉𝑎𝐹𝐶𝐶 = −84517 + 29.999𝑇 + (−19665 + 12.552𝑇)�𝑦𝑀𝑛−𝑦𝐴𝑙� [146] 
𝐿𝐹𝑒,𝑆𝑖:𝑉𝑎𝐹𝐶𝐶 = −125248 + 41.116𝑇 − 142708�𝑦𝐹𝑒−𝑦𝑆𝑖 � + 89907�𝑦𝐹𝑒−𝑦𝑆𝑖 �2 [147] 
𝐿𝐹𝑒,𝑆𝑖:𝐶𝐹𝐶𝐶 = 226100 − 34.25𝑇 − 202400�𝑦𝐹𝑒−𝑦𝑆𝑖 � [148] 
𝐿𝑀𝑛,𝑆𝑖:𝑉𝑎𝐹𝐶𝐶 = −88555 + 2.94𝑇 − 7500�𝑦𝑀𝑛−𝑦𝑆𝑖 � [149] 
HCP phase 
𝐺𝐹𝑒:𝑉𝑎𝐻𝐶𝑃0 = −2480.08 +  136.725𝑇 −  24.664 𝑇 𝐼𝑛(𝑇) − 0.00376𝑇2 − 5.893𝐸−8𝑇3 + 77358.5 𝑇−1 [144] 
𝐺𝑀𝑛:𝑉𝑎𝐻𝐶𝑃0 = −4439.3 +  133.007𝑇 −  24.5177𝑇 𝐼𝑛(𝑇) − 0.006𝑇2 + 69600𝑇−1 [144] 
𝐺𝐹𝑒:𝐶𝐻𝐶𝑃0 − 𝐺𝐹𝑒:𝑉𝑎𝐻𝐶𝑃0 − 0.5 𝐺𝐶𝐺𝑟𝑎0 = 52905 − 11.9075𝑇 [98] [145] 
𝐺𝑀𝑛:𝐶𝐻𝐶𝑃0 = 𝐺𝑀𝑛:𝑉𝑎𝛼0 + 0.5 𝐺𝐶𝐺𝑟𝑎0 − 9000 − 1.0651𝑇 [142] 
𝐺𝐴𝑙:𝑉𝑎𝐻𝐶𝑃0 = −2495.15 +  135.293 𝑇 −  24.367 𝑇 𝐼𝑛(𝑇) −  1.8846𝐸−3𝑇2 − 0.87766𝐸−6𝑇3 + 74092 𝑇−1 [144] 
𝐿𝐹𝑒:𝑉𝑎,𝐶𝐻𝐶𝑃 = −17335 [98] [145] 
𝐿𝑀𝑛:𝑉𝑎,𝐶𝐻𝐶𝑃 = −5006 [142] 
𝐿𝐹𝑒,𝑀𝑛:𝐶𝐻𝐶𝑃 = 21742 − 50.2703𝑇 − 32608(𝑦𝐹𝑒−𝑦𝑀𝑛) [139] 
𝐿𝐹𝑒,𝑀𝑛:𝑉𝑎𝐻𝐶𝑃 = −69.41 + 2.836𝑇 + �(−14271.46 + 13.884𝑇)�𝑦𝐹𝑒−𝑦𝑀𝑛�� [98] 
𝐿𝑀𝑛.𝐴𝑙:𝑉𝑎𝐻𝐶𝑃 = −87027 + 17.154𝑇 + (−5774 + 8.786𝑇)�𝑦𝑀𝑛−𝑦𝐴𝑙� + (83931 − 47.279𝑇)�𝑦𝑀𝑛−𝑦𝐴𝑙�2 [146] 
𝐿𝐹𝑒,𝑆𝑖:𝑉𝑎𝐻𝐶𝑃 = −106149 + 41.116𝑇 − 191658�𝑦𝐹𝑒−𝑦𝑆𝑖 � + 123574�𝑦𝐹𝑒−𝑦𝑆𝑖 �2 [150] 
𝐿𝐹𝑒,𝑆𝑖:𝐶𝐻𝐶𝑃 = 𝑢𝑛𝑎𝑣𝑎𝑖𝑙𝑎𝑏𝑙𝑒  
𝐿𝑀𝑛,𝑆𝑖:𝑉𝑎𝐻𝐶𝑃 = −86775 + 2.94𝑇 − 7500�𝑦𝑀𝑛−𝑦𝑆𝑖 � [151] 
Other 
∆𝐺𝑆𝑖
𝑓𝑐𝑐→ℎ𝑐𝑝 = 𝐺𝑆𝑖:𝑉𝑎𝐻𝐶𝑃 − 𝐺𝑆𝑖:𝑉𝑎𝐹𝐶𝐶 =00 − 560 − 8T [96] 
∆𝐿𝐹𝑒,𝐴𝑙:𝑉𝑎𝐻𝐶𝑃→𝐹𝐶𝐶 = 𝐿𝐹𝑒,𝐴𝑙:𝑉𝑎𝐻𝐶𝑃 − 𝐿𝐹𝑒,𝐴𝑙:𝑉𝑎𝐹𝐶𝐶 = 3326 [152] 
𝐺𝑀𝑛:𝑉𝑎𝛼0 = −8115.28 + 130.059𝑇 −  23.4582𝑇 𝐼𝑛(𝑇) −  7.3476𝐸−3𝑇2 + 69827.1 𝑇−1 [144] 
𝐺𝐶
𝐺𝑟𝑎. = −17368.441 + 170.73𝑇 −  24.3𝑇 𝐼𝑛(𝑇) −  4.723𝐸−4𝑇2 + 2562600 𝑇−1 −  2.643𝐸8𝑇−2 + 1.2𝐸10 𝑇−3 [144] 
aValues in J mol-1. 
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The magnetic contribution to the Gibbs energy of a phase is described by the model proposed by 
Inden [100] as modified by Hillert and Jarl [99]: 
𝐺𝑀𝑎𝑔
𝜙 = 𝑅𝑇𝑙𝑛�𝛽𝜙 + 1�𝑓𝜙�𝜏𝜙�          (5-8) 
The term βФ is the magnetic moment of phase Ф divided by the Bohr magneton μb and given by 
Equations (5-9) and (5-10) [96]. 
𝛽𝐹𝐶𝐶 = 0.7𝑥𝐹𝑒 + 0.62𝑥𝑀𝑛 − 0.64𝑥𝐹𝑒𝑥𝑀𝑛 − 4𝑥𝐶                                    (5-9) 
𝛽𝐻𝐶𝑃 = 0.62𝑥𝑀𝑛 − 4𝑥𝐶                                              (5-10) 
The term 𝑓𝜙�𝜏𝜙� is a function of the scaled Néel temperature 𝜏𝜙 = 𝑇/𝑇𝑁𝑒𝑒𝑙𝜙 , found elsewhere in 
the literature [3] [35] [144] [99] [100]. The Néel temperature for the FCC phase of Fe-Mn-Al-Si 
steels is described by King and Peters [132] as: 
𝑇𝑁𝑒𝑒𝑙
𝐹𝐶𝐶 = 199.5 + 6.0𝑋𝑀𝑛 − 10.4𝑋𝐴𝑙 − 13𝑋𝑆𝑖        (K)                                   (5-11) 
where X is the wt.% of the individual elements and for the HCP phase by Huang [137] as: 
𝑇𝑁𝑒𝑒𝑙
𝐻𝐶𝑃 = 580𝑥𝑀𝑛       (K)            (5-12) 
In Equation (5-12), xMn is the molar fraction of Mn. If the lattice parameters of the materials are 
unknown, they may be estimated as a function of composition and temperature from equations 
listed in reference [35].  
  At room temperature (25°C), the model predicts (∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝) to be -88 J 
mol-1 for the alloy with 22%Mn. This is a reasonable value, considering thermal εhcp-martensite 
is not present, yet mechanical εhcp-martensite forms upon deformation. Thermal εhcp-martensite 
typically occurs when (∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝) < −100 J mol-1 [96] while mechanical εhcp-
martensite is generally observed in Fe-Mn based alloys where (∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝) is 
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negative [17]. Thermal εhcp-martensite forms in a similar alloy (Fe-20Mn-3Al-3Si wt.%) with 
slightly less Mn content [1]. At 25%Mn, the term (∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝) is 31 J mol-1 and 
the dominant secondary deformation mechanism is mechanical twinning [1]. These results are 
consistent with previous observations that Fe-Mn based alloys with negative or positive values of (∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝) tend to exhibit strain-induced εhcp-martensite or mechanical twinning, 
respectively [17].  
 Figure 5-8 displays the trends in 2𝜌∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝, 2𝜌∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝 and σγ/ε as a function of 
Mn content. The chemical contribution, 2𝜌∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 , increases with increasing Mn content 
from 22 to 28 wt.%, exhibiting a slight concave up trend due to the stabilizing effect that Mn has 
on the FCC phase relative to the HCP. For the compositions analyzed, the increase in 2𝜌∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 is ~3 mJ m-2 per wt.% Mn, agreeing well with the experimentally observed SFE 
between 22 and 25 wt.% Mn. The calculation of 2𝜌∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 was also performed using the 
thermodynamic parameter 𝐿𝐹𝑒,𝑀𝑛:𝑉𝑎𝐻𝐶𝑃  proposed by Djurovic at al. [139] (dashed line in Figure 5-
8). However, the calculated value of 2𝜌∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 using the 𝐿𝐹𝑒,𝑀𝑛:𝑉𝑎𝐻𝐶𝑃  proposed by Nakano and 
Jacques [98] more closely agreed with the present experimental SFE measurements. 
   
The HCP phase in each alloy is in the paramagnetic state at RT (the Néel temperatures are 123, 
137 and 153K for the 22, 25 and 28% Mn alloys, respectively, based on Equation (5-12). 
Consequently, the influence of antiferromagnetic ordering on the HCP phase is insignificant at 
RT and 𝐺𝑀𝑎𝑔𝐻𝐶𝑃 ≈ 0 J mol-1 for the three alloys. The FCC phases of the alloys with 22 and 25% 
Mn are paramagnetic at RT (Néel temperatures are 267 and 282K, respectively) while the FCC 
phase of the 28%Mn has a Néel temperature of ~298K based on Equation (5-11). The calculated 
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values of 𝐺𝑀𝑎𝑔𝐹𝐶𝐶  are -26, -34 and -45 J mol
-1 for the 22, 25 and 28%Mn alloys, respectively. 
Therefore, 2𝜌∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝 is small and increases from 1.5 to 2.6 mJ m-2 with increasing Mn 
content (see Figure 5-8). For the present range of Mn content, the term (2𝜌∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 +2𝜌∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝) increases by 3.2 mJ m-2 per wt.% Mn, a slight increase compared to the rise due 
only to the chemical contribution. As Fe-Mn based alloys are cooled below 𝑇𝑁𝑒𝑒𝑙𝐹𝐶𝐶 , the influence 
of antiferromagnetic ordering on properties such as electrical resistance and stiffness are gradual 
[48] [106] [132]. Accordingly, increasing 𝑇𝑁𝑒𝑒𝑙𝐹𝐶𝐶  through room temperature by additions of Mn 
should produce only a gradual stabilization of the FCC phase due to magnetic ordering as the 
model currently predicts. However, ∆𝐺𝑀𝑎𝑔
𝑓𝑐𝑐→ℎ𝑐𝑝 becomes large for alloys that are cooled 
significantly below 𝑇𝑁𝑒𝑒𝑙𝐹𝐶𝐶  [3] and partially counteracts the reduction in ∆𝐺𝐶ℎ𝑒𝑚
𝑓𝑐𝑐→ℎ𝑐𝑝 with cooling. 
This explains why low deformation temperatures (-25 and -100°C) are required to form 
sufficient quantities of εhcp-martensite in the 25 and 28%Mn alloys. The sensitivity of the SFE to 
temperature becomes less below 𝑇𝑁𝑒𝑒𝑙𝐹𝐶𝐶  [98] due to the competing nature of ∆𝐺𝐶ℎ𝑒𝑚
𝑓𝑐𝑐→ℎ𝑐𝑝 and 
∆𝐺𝑀𝑎𝑔
𝑓𝑐𝑐→ℎ𝑐𝑝. The Néel transition of most high-Mn TWIP and TRIP steels (especially those with 
Al and Si additions) is slightly below room temperature [48], save for the Fe-22Mn-0.6C wt.% 
grade [4]. Interestingly, stabilization of the FCC phase due to antiferromagnetic effects still 
occurs, owing to the gradual nature of this transition [4] [48] [106] [132].  
 
5.4 Interfacial Energy Calculation and Behavior 
 
In each alloy the interfacial energy is the major component of the SFE. The term σγ/ε is 9.2 ±1.6, 
8.6 ±1.7 and 11.8 ±2.7 mJ m-2 for the Fe-22/25/28Mn-3Al-3Si alloys, respectively, from 
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Equation (1-15). The uncertainty of σγ/ε is obtained from the root sum square of the uncertainties 
of 𝛾𝑒𝑥𝑝 and 2𝜌𝐸𝑠𝑡𝑟 then dividing this quantity by two. Using the same methodology, interfacial 
energy values were calculated for binary Fe-16/18/20/25Mn, Fe-18Mn-0.6-0/1.5Al and Fe-
18Mn-0.6C-0/1.5Si alloys from existing data in the literature. The calculation of σγ/ε used values 
of 𝛾𝑒𝑥𝑝 reported by Volosevich et al. [79] (Fe-16/18/20/25Mn), Kim et al. [15] (Fe-18Mn-0.6-
0/1.5Al) and Jeong et al. [16] (Fe-18Mn-0.6C-0/1.5Si). Values of 𝐸𝑠𝑡𝑟 were calculated using 
lattice parameters in references [55] and [56] and the procedure outlined in Chapters 1 and 5. 
Lattice parameters of the FCC and HCP phase of the Fe-18Mn-0.6C-0/1.5(Al/Si) alloys were 
assumed to be equal to the binary Fe-18Mn alloy for the purpose of calculating 𝐸𝑠𝑡𝑟.  The shear 
modulus and Poisson’s ratio used in the calculation of 𝐸𝑠𝑡𝑟 are provided in Table 5-2.  The 
values of 2𝜌(∆𝐺𝑐ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝) were determined with the thermodynamic model 
developed in section 5.3. A summary of some of the parameters used in the calculation of σγ/ε are 
listed in Table 5-2. The interfacial energies of the Fe-18Mn-0.6C-0/1.5(Al/Si) range from 8.6 to 
11.5 mJ m-2 and are consistent with a range of 8.6 to 11.8 mJ m-2 for the Fe-22/25/28Mn-3Al-3Si 
alloys. Interstitial C segregation may influence the experimental SFE measurements but is not 
accounted for in ∆𝐺𝐶ℎ𝑒𝑚
𝑓𝑐𝑐→ℎ𝑐𝑝 and ∆𝐺𝑀𝑎𝑔
𝑓𝑐𝑐→ℎ𝑐𝑝 (due to the assumption of homogenous 
compositions). Therefore, Mosecker and Saeed-Akbari [17] proposed that the effects of 
interstitial segregation on γexp would be accounted for in the calculation of σγ/ε. However, no 
substantial differences in the calculated values of σγ/ε are observed between the Fe-22/25/28Mn-
3Al-3Si and Fe-18Mn-0.6C-0/1.5(Al/Si) alloys, suggesting the influence of segregation on the 
SFE measurements is minor. The calculated interfacial energies of the binary Fe-
16/18/20//22/25Mn wt.% alloys range from 15.7 to 32.5 mJ m-2 and are higher than for the other 
alloys. A comparison of the interfacial energies of Fe-22/25Mn and Fe-22/25Mn-3Al-3Si 
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indicates an offset of ~3 mJ m-2. One explanation for the offset is that values of 𝛾𝑒𝑥𝑝 [79] used in 
the interfacial calculation are higher than the actual values (as previously discussed) and 
therefore result in an overestimate of the interfacial energies for the binary Fe-Mn alloys. 
However, the trend in 𝛾𝑒𝑥𝑝 vs. Mn reported by Volosevich at al. [79] is similar to other works 
[35] [153] and provides confidence that the general trend in σγ/ε  (which is calculated from 𝛾𝑒𝑥𝑝) 
with changes in Mn content reflects the actual behavior.     
   
In Figure 5-9, the values of σγ/ε are plotted as a function of 2𝜌(∆𝐺𝑐ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝) for all 
alloys. The dependence of σγ/ε on 2𝜌(∆𝐺𝑐ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝) is consistent with parabolic 
behavior. In general, as �2𝜌(∆𝐺𝑐ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝)� increases, the term σγ/ε also increases, 
indicating the interfacial energy is strongly related to �∆𝐺𝐶ℎ𝑒𝑚
𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝�. Conversely, as 
�∆𝐺𝐶ℎ𝑒𝑚
𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝� approaches 0, where both FCC and HCP phases are equally favored, 
the resulting energy increase at the interface should be near a minimum, as is observed. 
Therefore, σγ/ε can be approximated as a parabolic function of 2𝜌(∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝) with 
a minimum at 𝜎𝑚𝑖𝑛
𝛾
𝜀� : 
σ
𝛾
𝜀�  = 𝑐(2𝜌(∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝))2 + 𝜎𝑚𝑖𝑛𝛾 𝜀�      (mJ m-2)                         (5-13) 
where c is a constant determined from fitting to experimental values. The term 𝜎𝑚𝑖𝑛
𝛾
𝜀�  is 9.5 mJ m-
2 and results from the minimum fit for the Fe-22/25/28Mn-3Al-3Si and Fe-18Mn-0.6C-
0/1.5(Al/Si) alloys. The constant “c” of 0.01 was determined by fitting a curve (dotted line in 
Figure 5-9) to the trend in σγ/ε as a function of 2𝜌(∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝) for the Fe-Mn-Al-
Si, Fe-Mn-Al-C and Fe-Mn alloys.  
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Figure 5-9 –Interfacial energy plotted as a function of 2𝜌(∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝) for Fe-22/25/28Mn-
3Al-3Si, Fe-16/18/20/22/25Mn and Fe-18Mn-0.6C-0/1.5(Al/Si) wt.% steels. The dashed line represents 
the fit of the calculated interfacial energies. 
 
  
Non-monotonic behavior of σγ/ε as a function of composition has been reported by other authors. 
Cotes et al. [135] showed that σγ/ε varies as a function of Mn content for binary Fe-Mn alloys and 
can be approximated as an upward opening parabolic curve, with a minimum σγ/ε occurring 
between 20 and 25 wt.% Mn. Mosecker et al. [17] reported a similar behavior for the Fe-Mn-Cr-
N system, where σγ/ε displays parabolic behavior with additions of nitrogen from 0.2 to 0.9 wt.%. 
These studies provides additional confidence that the underlying cause of the parabolic behavior 
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is due to the relationship between σγ/ε and �∆𝐺𝐶ℎ𝑒𝑚
𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝� as proposed in the present 
work.  
 
5.5 Model Validation 
   
The thermodynamic model was used in conjunction with the empirical relationship for σ
𝛾
𝜀�  to 
predict values of γexp and compare them with values from the literature. The calculated values of 
𝛾𝑒𝑥𝑝 (note: the calculated value includes 2𝜌𝐸𝑠𝑡𝑟) are 16.7 and 28.9 mJ m-2 for Fe-18Mn-0.6C-
0/1.5Al alloys and exhibit good agreement with experimental values of 13±3/30±10 mJ m-2 [15] 
and 19.3±2.5/29.1±2.5 mJ m-2 [16], respectively. Jung and De Cooman [46] reported mechanical 
twinning in an Fe-18Mn-0.6C-2.5Al alloy. The calculated values of 𝛾𝑒𝑥𝑝 and 𝛾∞for this alloy are 
40.4 and 34.8 mJ m-2 which is in the SFE range for mechanical twinning as reported by Allain et 
al. [34]. The calculated SFE values are reasonable for C contents up to 0.6 wt.%. In addition, the 
present SFE measurements for the Fe-22/25/28Mn-3Al-3Si alloys give confidence that the model 
is valid for Al additions up to 3 wt.%.   
 
The range of Si for which the model is valid was tested by predicting T0 temperatures (in this 
work the T0 temperature is defined as the average of the ε-martensite start (Ms) and austenite 
start (As) temperatures and corresponds to (∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝) = 0) of ternary Fe-Mn-Si 
alloys and comparing them to experimental values reported by Cotes et al. [150] [154]. The 
results of this comparison are reported in Table 5-4. Analysis of the data indicate that good 
agreement is achieved between the experimental and calculated T0 temperatures (within 7%) for 
Si additions up to ~6 wt.% in ternary Fe-Mn-Si alloys. At high Mn contents (28-29 wt.%), a 
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greater deviation (~11-13%) is observed in the predicted vs. experimental T0 temperatures. 
Therefore, the model is valid for a range of Mn content from 16 to 29 wt.% [98].  Jeong et al. 
[16] reported SFE measurements of 19.8 ±2.5 and 13.8 ±2.5 mJ m-2 for paramagnetic Fe-18Mn-
0.6C and Fe-18Mn-0.6C-1.5Si wt.% alloys, respectively, finding that additions of Si resulted in a 
decrease of 3.5 mJ m-2 per wt.%. The current thermodynamic model predicts values of 𝛾𝑒𝑥𝑝 of 
17.0 and 15.4 mJ m-2 for the same alloys, corresponding to a decrease in 𝛾𝑒𝑥𝑝 of ~1 mJ m
-2 per 
wt.% addition of Si. Tian and Zhang [140] experimentally measured a decrease 𝛾𝑒𝑥𝑝 of ~2.5 mJ 
m-2 per wt.% addition of Si in Fe-32Mn-0/4.6Si-0.2C alloys. Whereas the current model 
improves upon previous thermodynamic models which report an increase in SFE for small 
additions of Si, the present thermodynamic model would likely benefit from interaction 
parameters for Fe-Si-C for the HCP phase, an observation also shared by Jeong et al. [16]. 
Therefore, the model should be limited to Si concentrations of up to 1.5 wt.% for alloys with C 
contents of ~0.6 wt.%.   
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Table 5-4 – Experimental and predicted T0 temperatures for Fe-Mn-Si ternary alloys. 
 As (K)
1 Ms (K)1 (As+Ms)/2
1 
(K) 
Calculated 
(As+Ms)/2 
(K) 
% diff2 𝑇𝑁𝑒𝑒𝑙𝐹𝐶𝐶  (K)
3 𝑇𝑁𝑒𝑒𝑙
𝐻𝐶𝑃 (K)3 ∆𝐺𝑐ℎ𝑒𝑚
𝑓𝑐𝑐→ℎ𝑐𝑝 
(J mol-1)4 
∆𝐺𝑚𝑎𝑔
𝑓𝑐𝑐→ℎ𝑐𝑝 
(J mol-1)4 
Fe-17.5Mn-1.9Si 490 436 463 470 2 283 101 -6.0 6.0 
Fe-17.4Mn-4.5Si 508 448 478 506 6 217 98 -1.1 1.1 
Fe-19.5Mn-2.0Si 480 420 450 454 1 297 112 -8.6 8.6 
Fe-22.2Mn-4.0Si 479 410 444.5 449 1 268 125 -5.1 5.1 
Fe-24.2Mn-1.9Si 465 399 432 403 -7 336 140 -25.2 25.2 
Fe-24.5Mn-4.2Si 465 396 430.5 421 -2 280 138 -8.2 8.1 
Fe-26.5Mn-4.7Si 459 376 417.5 394 -6 282 149 -10.7 10.7 
Fe-22.9Mn-6.1Si 470 402 436 455 4 222 127 -1.8 1.8 
Fe-24.4Mn-6.4Si 464 379 421.5 433 3 226 135 -2.3 2.3 
Fe-27.0Mn-5.9Si 453 363 408 387 -5 256 150 -6.8 6.8 
Fe-19.9Mn-1.1Si 469 408 438.5 440 0 324 116 -15.2 15.2 
Fe-22.1Mn-1.0Si 459 399 429 417 -3 344 129 -25.2 25.2 
Fe-22.8Mn-2.8Si 468 401 434.5 429 -1 303 130 -11.4 11.4 
Fe-28.4Mn-0.99Si 416 280 348 304 -13 390 165 -201.5 201.5 
Fe-28.8Mn-4.74Si 443 351 397 353 -11 296 161 -20.9 20.9 
1From references [150] and [154] 
2Difference between calculated and experimental T0 temperatures 
3𝑇𝑁𝑒𝑒𝑙
𝐹𝐶𝐶  and 𝑇𝑁𝑒𝑒𝑙𝐻𝐶𝑃 calculated from [98] and [137], respectively. 
4 ∆𝐺𝑐ℎ𝑒𝑚
𝑓𝑐𝑐→ℎ𝑐𝑝 and ∆𝐺𝑚𝑎𝑔
𝑓𝑐𝑐→ℎ𝑐𝑝 calculated with present thermodynamic model 
   
The values of 2𝜌∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝, 2𝜌∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝, 2𝜌𝐸𝑠𝑡𝑟 and σγ/ε determined in this work (Figure 5-
8) provide a greater understanding of the physical phenomena behind the SFE evolution in Fe-
Mn based steels. Of particular interest is the interfacial energy parameter, which is typically the 
largest parameter to contribute to the SFE in these materials at RT. This parameter exhibits a 
minimum near the point at which the Gibbs free energies of FCC and HCP phases are equal and 
increases when the absolute value of the term 2𝜌(∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝) becomes larger (see 
Figure 5-9). In the present Fe-22/25/28Mn-3Al-3Si steels, for Mn contents above ~ 23.5 wt.%, 
the terms σγ/ε, 2𝜌∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝 and 2𝜌∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 all make positive contributions, resulting in a 
sharp rise of the SFE. However, for decreasing Mn content below ~23.5 wt.%, only the 
interfacial energy increases and makes a positive contribution to the SFE. This results in a much 
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flatter SFE curve or a minimum in this region, observed in both experimental [79] [80] and 
theoretical studies [35] [98], before a subsequent increase in SFE occurs with further reductions 
in Mn content.  
 
5.6 Summary and Conclusions 
 
In this study the effect of Mn content on the SFE was investigated by measuring dissociation 
widths of partial-dislocation pairs in three alloys (Fe-22/25/28Mn-3Al-3Si wt.%) using TEM. 
The experimental SFE values of 15 ±3, 21 ±3 and 39 ±5 mJ m-2 exhibit a super-linear increase in 
SFE from 22 to 28 wt.% Mn. The strain energy associated with the contraction in molar volume 
during the austenite to εhcp-martensite transformations was determined to be ~1-4 mJ m-2, 
yielding ideal SFE values of 14±3, 20±3 and 37±5 mJ m-2.  
 
A new thermodynamic model for the Fe-Mn-Al-Si-C system is proposed which determines the 
chemical and magnetic components of the difference in Gibbs free energy of the FCC and HCP 
phases. The ideal SFE values were used in conjunction with the thermodynamic phase data to 
determine the FCC/HCP interfacial energies of the three Fe-Mn-(Al-Si) steels as well as Fe-Mn 
and Fe-Mn-C-Al/Si alloys for which experimental SFE data are available in the literature. 
Calculations of the FCC/HCP interfacial energy parameter yielded values ranging from 8.6 to 
11.8 mJ m-2 for the Fe-22/25/28Mn-3Al-3Si and Fe-18Mn-0.6C-0/1.5(Al/Si) wt.% TRIP and 
TWIP alloys. The interfacial energy of the binary Fe-Mn alloys ranged from 15.7 to 32.5 mJ m-2. 
The present work shows a strong correlation between the value of the interfacial energy of Fe-
Mn-(Al, Si, C) steels and the difference in free energy of the FCC and HCP phases. To improve 
the accuracy of SFE calculations, an empirical relationship to describe the interfacial energy is 
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proposed for use in SFE calculations. The combined thermodynamic model and empirical 
relationship exhibit good agreement with the present SFE measurements, and those in the 
literature, making it a useful tool for the design of high-Mn TRIP/TWIP steels. 
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CHAPTER 6 
 
 
THE INFLUENCE OF STACKING-FAULT ENERGY AND RELATIVE FCC/HCP 
PHASE STABILITY ON THE MICROSTRUCTURAL AND STRAIN-HARDENING 
EVOLUTION 
 
 
A main objective of this research is to correlate the SFE and relative FCC/HCP phase stability, 
∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝 (note: ∆𝐺𝑡𝑜𝑡𝑎𝑙𝑓𝑐𝑐→ℎ𝑐𝑝 is equivalent to �∆𝐺𝐶ℎ𝑒𝑚𝑓𝑐𝑐→ℎ𝑐𝑝 + ∆𝐺𝑀𝑎𝑔𝑓𝑐𝑐→ℎ𝑐𝑝�), to the temperature-
dependent deformation mechanisms and mechanical properties. The Fe-22/25/28Mn-3Al-3Si 
alloys were strained in tension at RT, 100, 200, 300 and 400°C. The tests at RT and 400°C were 
interrupted at 0.03, 0.1, 0.18, 0.34, 0.47 (RT only) and 0.53 (RT only) plastic true strain 
(hereinafter referred to only as true strain) for microstructural observations by OM, TEM and 
XRD. Secondary deformations mechanisms such as martensitic transformation and mechanical 
twinning are suppressed at 400°C. Therefore, emphasis will be placed on the microstructural and 
strain-hardening evolution at RT and comparisons to the elevated temperature strain-hardening 
behavior will be made to illustrate important differences. 
 
6.1 Strain-Hardening Behavior and Mechanical Properties 
 
The Fe-22/25/28Mn-3Al-3Si steels exhibit an exceptional combination of strength and ductility 
at RT owing to intense strain-hardening. The RT true stress and strain-hardening rates vs. true 
strain for the 22, 25 and 28%Mn alloys are presented in Figures 6-1a and b, respectively. Three 
RT tests were performed for each composition and show excellent reproducibility (see Figure 6-
1a). The 0.2% offset yield strengths of the 22, 25 and 28%Mn alloys are 293±3, 264±5 and 
101 
 
259±2 MPa, respectively. The yield strength of the 22%Mn alloy is ~12% higher than the yield 
strengths of the 25 and 28%Mn alloys. The rate of increase in the flow stress of the 22%Mn alloy 
is substantially greater than for the 25 and 28%Mn alloys up to ~0.1 true strain. Between 0.25 
true strain and maximum uniform elongation (eunf, as determined from the Considère criterion), 
the flow stress of the 22%Mn alloy is on average 73 MPa larger than the 25% Mn alloy, which is 
in turn ~23 MPa larger than the 28%Mn alloy. The true stress vs. true strain curves terminate at 
the true ultimate tensile strength (TUTS) at eunf. The average TUTSs and maximum uniform 
elongations are 1172±19, 1136±9 and 1104±14 MPa and 72±2, 77±2 and 75±1% for the 22, 25 
and 28%Mn alloys, respectively. Remarkably, the TUTSs and maximum uniform 
elongations of the 25 and 28%Mn alloys differ by less than 3%, despite a large 
difference in the SFEs (21 vs. 39 mJ m-2). The tensile curves are smooth and the 
presence of dynamic strain aging (DSA), typically observed in high-Mn steels with 
greater C content [7] [14] [15] [42], is not observed here.  
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Figure 6-1 – (a) True stress vs. plastic true strain and (b) strain-hardening rate vs. plastic true strain for 
the Fe-22/25/28Mn-3Al-3Si steels at RT (3 tests performed for each composition). The strain-hardening 
stages are labeled 1-4 at their approximate locations. Stage 2 strain-hardening for the 22%Mn alloy is 
sub-divided into a, b and c. The inset shows the hardening rates at low strains. 
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Figure 6-1b displays the strain-hardening rate, (dσ/dε)/G (normalized by the shear modulus), vs. 
true strain for the 22, 25 and 28%Mn alloys at RT. The shear modulus is 69 GPa for each alloy 
from Appendix A.  The strain-hardening rates are the derivatives of 9th order polynomials which 
were fitted to the true stress vs true strain curves. Multi-stage work-hardening behavior, which is 
common in low SFE alloys that exhibit secondary deformation mechanisms [4] [14] [42] [47], is 
observed in the three alloys. The strain hardening rates of the 22, 25 and 28%Mn alloys decrease 
monotonically over the entire range which is in contrast to Fe-Mn-C [14] [42] [47] TWIP and 
Fe-15/20Mn-3Al-3Si TRIP steels, the latter which undergo significant γfcc→αhcp martensitic 
transformation [1] [2]. The 22%Mn alloy shows six distinct stages of strain-hardening (stage 2 is 
subdivided into a, b, and c) whereas the 25 and 28%Mn alloys exhibit four stages (note: the 
stages of strain-hardening described here should not be confused with classical work-hardening 
stages of single and poly crystals [155] [156]). In stage 1, a pronounced decrease in (dσ/dε)/G is 
observed in each alloy similar to stage III in classical work hardening of higher SFE alloys [155] 
[157]. The 22%Mn alloy exhibits significantly higher strain-hardening rates in stage 1, as shown 
in the inset in Figure 6-1b. At the onset of stage 2 (0.08 true strain), the strain-hardening rate is 
greatest in the 22%Mn alloy, followed by the 25%Mn alloy and then the 28%Mn alloy. The 
strain-hardening rate of the 25%Mn alloy shows a constant decrease from ~0.024 to 0.22 over 
the range of 0.08 to 0.34 true strain. In comparison, the strain-hardening rate of the 28%Mn alloy 
is constant at ~0.022 from ~0.12 to 0.34 true strain. All three alloys exhibit nearly identical 
strain-hardening rates in stage 3 (~0.34 to 0.5 true strain) which decrease from ~0.022 to 0.019. 
Stage 4 is characterized by an abrupt decrease in strain hardening for each alloy before 
maximum uniform elongation is reached.  
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The true stress and strain hardening rates vs. plastic true strain at 25, 100, 200, 300 and 400°C 
are presented in Figures 6-2a, b and c for the 22, 25 and 28%Mn alloys, respectively. As the 
deformation temperature is increased, secondary deformation mechanisms become energetically 
less favorable. In these circumstances several important changes in the strain-hardening behavior 
are observed: 1) the decrease in eunf from RT to 100°C is most dramatic in the 28%Mn alloy with 
the largest RT SFE and the maximum uniform elongation of each alloy remains approximately 
constant from 200 to 400°C; 2) the strain-hardening rates at low strains (0 to 0.1 true strain) are 
nearly identical for all alloys and test temperatures, except for the RT rates of the 22 and 25%Mn 
alloys which are noticeably higher, indicating the deformation mechanisms at low strains are 
different in these two alloys at RT; 3) the strain at which the secondary deformation mechanisms 
begin to influence the tensile behavior is identified when the strain-hardening rate diverges from 
those at higher test temperatures (e.g., secondary deformation mechanisms are influencing the 
tensile behavior of the 28%Mn alloy only from about 0.1 true strain to failure).   
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Figure 6-2 – True stress and strain-hardening rate vs true strain from tests at 25, 100, 200, 300 and 400°C 
for the (a) 22%Mn, (b) 25%Mn and (c) 28%Mn alloys.  
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The 0.2% offset yield strength, ultimate tensile strength, maximum uniform elongation and 
toughness (calculated from the integral of the engineering stress vs. strain curve) of the three 
alloys from RT to 400°C are summarized in Figures 6-3a, b, c, and d, respectively. Several 
important trends in the mechanical properties as a function of temperature are observed: 1) the 
yield strength decreases by ~108 MPa for the three alloys with increasing temperature up to 
300°C, then further temperature increases up to 400°C produce minimal change in the yield 
strength; 2) the UTS of the 22%Mn alloy at RT is ~48 MPa larger than for the 25 and 28%Mn 
alloys. The UTS of each alloy is lowered by ~176 MPa when the temperature is increased from 
RT to 200°C but little changes occur with additional temperature increases up to 400°C; 3) the 
largest average uniform elongation at RT is 77±2% and occurs in the 25%Mn alloy, 
with slightly smaller values of 72±2 and 75±1% in the 22 and 28%Mn alloys, 
respectively. The decrease in maximum uniform elongation when the test temperature is 
increased from RT to 100°C is largest in the 28%Mn alloy (75 to 62%) and smallest in the 
22%Mn alloy (72 to 69%). The maximum uniform elongation for each alloy decreases to 
between 45 to 47% when the deformation temperature is raised to 200°C and remains ~constant 
with further temperature increases up to 400°C; 4) The toughness of the 22, 25 and 28%Mn 
alloys at RT is 513±23, 506±9 and 470±16 mJ mm-3, respectively, and exhibits a slight decrease 
with increasing SFE from 15 to 39 mJ m-2. The toughness of each alloy is reduced by a factor of 
~2.3 by increasing the test temperature from RT to 200°C. 
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Figure 6-3 – (a) 0.2% offset yield strength, (b) UTS, (c) maximum uniform elongation and (d) toughness 
(energy absorption) of the Fe-22/25/28Mn-3Al-3Si steels from RT to 400 °C.  
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6.2 Microstructural evolution 
 
6.2.1 X-ray diffraction 
 
Quantitative XRD analysis determined the phases present in each specimen after deformation at 
RT. Phase transformations to ε- and α-martensite after deformation were detected by XRD in the 
22%Mn alloy while the 25 and 28%Mn alloys were fully austenitic after deformation to 
maximum uniform elongation. The phase volume fractions were determined at true strains of 0.1, 
0.18, 0.34, 0.47 and 0.53 and are plotted as a function of strain for the 22%Mn alloy in Figure 6-
4. From 0 to 0.1 true strain the volume % of ε-martensite increases from 0 to 0.35%. From 0.18 
to 0.34 true strain the volume % of ε-martensite increases from 1.4 to 3.7% and α-martensite 
from 2 to 10%.  Figure 6-4 also displays the estimated rate of transformation of austenite to 
martensite, and rates of formation of ε- and α-martensite. The rates of formation of ε- and α-
martensite are greatest between 0.18 and 0.34 true strain which coincides with relatively constant 
strain-hardening rates observed in stage 2 (Figure 6-1b).  
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Figure 6-4 – Phase volume % (solid lines) and estimated transformation rates (dashed lines) of austenite, 
ε-martensite and α-martensite vs. plastic true strain for the 22%Mn alloy. 
 
6.2.2 Optical Microscopy 
 
Figure 6-5 shows optical micrographs of the 25%Mn alloy taken after RT deformation to 0.1, 
0.18, 0.34 and 0.56 true strain (maximum uniform elongation). The tensile axis corresponds to 
the horizontal direction of each micrograph. Planar secondary deformation structures such as 
bundles of mechanical twins and/or ε-martensite laths (both of which occur in the 25%Mn alloy) 
correspond to lines of contrast within the grains in the optical micrographs [157].  After 0.1 true 
strain at RT mechanical twins and/or ε-martensite laths (TEM is required to differentiate 
mechanical twinning from ε-martensite) are evident in only a small percentage of grains. After 
0.18 true strain at RT (Figure 6-5b) most grains show evidence of primary (occurring in only one 
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system) mechanical twinning and/or ε-martensite lath formation while a few grains begin to 
show evidence of secondary deformation structures in two or more variants (indicated by 
arrows). In some grains the markings are relatively few while in others they are uniformly 
present over the entire grain surface indicating a wide difference in volume fraction of secondary 
deformation mechanisms from grain to grain. After 0.34 true strain at RT nearly all grains 
exhibit secondary deformation mechanisms in two systems as shown in Figure 6-5c and these 
features are distributed over the entire grain surface in general uniformity. At maximum uniform 
elongation (0.56 true strain) the microstructure consists of highly elongated grains. Significant 
curvature of the deformation features as shown in Figure 6-5d indicates a high degree of intra-
granular misorientation. In comparison, an optical micrograph (Figure 6-6) of the 25%Mn alloy 
deformed at 400°C to maximum uniform elongation (0.39 true strain) shows elongated grains but 
no evidence of planar secondary deformation structures within the grains.  
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Figure 6-5 – Optical micrographs of the 25%Mn alloy. Specimens deformed at RT to (a) 0.1 (mechanical 
twins and or ε-martensite laths are indicated by arrows), (b) 0.18 (grains with twins and or ε-martensite 
laths in multiple slip systems are indicated by arrows), (c) 0.34 and (d) 0.55 true strain. The tensile axis is 
in the horizontal direction. 
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Figure 6-6 – Optical micrographs of the 25%Mn alloy after deformation to maximum uniform elongation 
(0.39 true strain) at 400°C.  
 
6.2.3 TEM of specimens deformed to 0.03 true strain at RT  
 
After 0.03 true strain at RT the microstructure of the 22%Mn alloy exhibits a planar dislocation 
structure of partial dislocations and large stacking faults typically activated in two systems. The 
stacking faults ranged in width (separation distance between the Shockley partials) from 100 nm 
to 2 μm in width, approximately two orders of magnitude greater than the equilibrium separation 
of 5 to 12 nm as determined in Chapter 5. The large surface area of the defects increases the 
likelihood of defects interacting with one another. These interactions were also observed in 
samples deformed only to the yield point (see Figure 5-2). A typical grain with a highly faulted 
microstructure after 0.03 true strain is shown in Figure 6-7a. Figure 6-7b was imaged near a 
[110] zone and shows the leading partials of stacking faults on either a (111) or (-1-11) type 
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plane impinging on the ε-martensite laths on (1-11) (edge on). The arrows in Figure 6-7b 
indicate locations where the ε-martensite laths are blocking the motion of partial dislocations. 
Conversely, in some areas the defects cut through one another. The microstructure of the 25% 
Mn alloy after deformation to 0.03 true strain at RT contains smaller stacking faults and some 
constricted dislocations displaying curvature or waviness as in Figure 6-7c. By comparison, the 
microstructure of the 28%Mn alloy after 0.03 true strain is different, consisting of isolated 
dislocations and localized areas of tangles of higher dislocation density, as displayed in Figure 6-
7d. The majority of dislocations appeared to be constricted when viewed in the bright-field (BF) 
imaging mode. However, in areas of dislocation tangles, a few dislocations exhibited slight 
extension (<100 nm) which is likely facilitated by interaction forces from other dislocations.  
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Figure 6-7 – Typical BF TEM micrographs of the Fe-22/25/28Mn-3Al-3Si alloys after 0.03 plastic true 
strain at RT. (a) The microstructure of a grain in the 22%Mn alloy exhibiting large stacking faults on two 
slip systems. (b) Image of the microstructure in the 22%Mn alloy obtained with a beam direction near 
[110] using a 1-1-1 g-vector showing a planar microstructure consisting of large stacking faults on either 
(111) or (-1-11) intersecting ε-martensite laths (edge on) on (1-11). Arrows indicate where the glide of 
partial dislocations is being arrested. (c) Grain exhibiting a defect structure with both planar and wavy 
characteristics in the 25%Mn alloy. (d) Image of the microstructure in the 28%Mn alloy taken with a 111 
g-vector showing a wavy microstructure with localized areas of dislocation tangles. 
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6.2.4 TEM of specimens deformed to 0.1 true strain at RT 
 
After 0.1 true strain at RT the planar microstructure of the 22%Mn alloy exhibits large, 
irregularly spaced overlapping stacking faults, as shown in Figure 6-8a, and more well-
developed ε-martensite lath structures, Figure 6-8b. Compared to 0.03 strain, the microstructure 
is more refined as the spacing between individual ε-martensite laths is reduced. Figure 6-8b 
shows ε-martensite lath structures with the (111)γ||(0001)ε/[1-10]γ||[1-210]ε orientation 
relationship (as indicated by the selected area diffraction pattern (SADP) in the inset) on two 
separate systems intersecting one another. The thickness of the ε-martensite laths is noticeably 
larger at 0.1 than 0.03 true strain (Figure 6-7b). In Figure 6-8b, some laths intersect each other 
(indicated by black arrows) while others terminate at the interface of ε-martensite laths on non-
coplanar slip systems. The formation of ε-martensite is the most active secondary deformation 
mechanism in this steel at 0.1 true strain. A survey of twenty grains to identify which had 
secondary deformation structures (well developed and clearly identifiable by diffraction spots of 
sufficient intensity) and what type is listed in Table 6-1. In nine of twenty grains well-developed 
ε-martensite lath structures were observed at 0.1 true strain. The other grains contained large 
stacking faults but the volume fraction was not sufficient to identify by SAD.  
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Figure 6-8 – TEM images of the 22%Mn alloy after 0.1 plastic true strain at RT. (a) BF image showing a 
grain with a high density of large overlapping SFs and (b) a grain exhibiting εhcp-martensite laths (see 
SADP inset) in two variants edge on. Arrows identify areas where laths are able to intersect each other 
(black) or where a lath is arresting defects on a non-coplanar {111} (white).  
 
Table 6-1 – Number of grains after 0.1 and 0.18 true strain at RT in which well-developed ε-
martensite or mechanical twinning was observed.* 
True 
strain 
Dominant secondary 
deformation mechanism 
Material 
22%Mn 25%Mn 28%Mn 
0.1 
ε-martensite 9/20 2/20 0/20 
Mechanical twinning 0/20 4/20 5/20 
 Total 9/20 6/20 5/20 
0.18 
ε-martensite  5/14**  
Mechanical twinning  11/14**  
 Total  14/14  
*The mechanism was determined from clearly identifiable diffraction spots of sufficient intensity. 
**Two grains contained both mechanical twinning and ε-martensite in the same slip system. 
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The deformation structure of the 25%Mn alloy after 0.1 true strain at RT is planar and contains a 
high density of stacking faults, although average fault widths (separation between partial 
dislocations) are less than observed in the 22%Mn alloy. However, unlike in the 22%Mn alloy, 
mechanical twinning is the dominant secondary deformation mechanism while ε-martensite is 
also present but in smaller amounts. Figure 6-9a, taken near a <110> zone, shows mechanical 
twinning occurring in one variant at 0.1 true strain. By comparison, the ε-martensite laths in 
Figure 6-9b exhibit a finer structure. Of twenty grains observed by TEM, four exhibited 
mechanical twinning and two ε-martensite laths identifiable by SAD (Table 6-1). The TEM 
observations are in agreement with optical microscopy (Figure 6-5a) and indicate that the 
majority of grains have not developed secondary deformation structures after 0.1 true strain at 
RT in the 25%Mn alloy. 
 
Figure 6-9 – BF images of (a) mechanical twinning and (b)  fine ε-martensite lath structure with the 
(111)γ||(0001)ε/[1-10]γ||[1-210]ε orientation relationship in the 25%Mn alloy deformed to 0.1 true strain. 
The SADPs were taken at a [110] beam direction for identification of secondary deformation structures. 
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The microstructure of the 28%Mn alloy observed by TEM after 0.1 true strain at RT exhibited a 
variety of different microstructural characteristics. Figure 6-10a depicts a grain exhibiting 
dislocation cells (DCs) where large areas (~1 μm in width) have low dislocation density and are 
surrounded by cell walls of much higher dislocation density. In contrast, the microstructure of a 
highly twinned grain is show in Figure 6-10b. The dark-field image in Figure 6-10b is formed 
using the {111} twin reflection as depicted in the inset SADP. Twenty grains were surveyed by 
TEM and five contained mechanical twinning that could be identified by SAD and none showed 
evidence of ε-martensite (see Table 6-1). The twins range in thickness from ~5 to 40 nm. The 
different microstructures observed (DCs vs mechanical twinning) are consistent with other 
reports of a strong relationship between grain orientation and deformation mechanism in high-
Mn steels with medium SFEs [14] [21] [42].  
 
Figure 6-10 – Images of the microstructure in the 28%Mn alloy after 0.1 true strain at RT. (a) BF image 
of the microstructure in the 28%Mn alloy showing DCs . (b)  DF image of mechanical twins in the 
28%Mn using the (111) twin refection. The BF image and SADP taken from the [011] zone are shown as 
insets. 
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6.2.5 TEM of specimens deformed to 0.18 true strain at RT 
 
Nearly all grains in the 22%Mn alloy after 0.18 true strain at RT display significant grain 
refinement due to the formation of ε-martensite lath structures on two or more systems. The 
spacing between these structures ranged from about 20 to 200 nm. Figure 6-11a depicts a grain 
with a particularly fine ε-martensite lath structure. Mechanical twins were not observed at this 
strain. In a survey of fourteen grains in the 25%Mn alloy after 0.18 true strain at RT eleven 
exhibited mechanical twinning and 5 showed ε-martensite laths (see Table 6-1). Nearly all grains 
in the 28%Mn alloy exhibit mechanical twinning after 0.18 true strain and the first observations 
of twinning in two systems is observed (e.g., Figure 6-11b). Mechanical twins in both variants 
exhibit evidence of being sheared suggesting they were active simultaneously. The twins exhibit 
a lenticular shape and the glide of partial dislocations is arrested at the matrix-twin interface of 
both twin variants.  
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Figure 6-11 – TEM micrographs after deformation to 0.18 true strain at RT showing in (a) the 22%Mn 
alloy a fine ε-martensite lath structure with the (111)γ||(0001)ε/[1-10]γ||[1-210]ε orientation relationship 
and (b) the 28%Mn alloy mechanical twinning in two variants (edge on) in the 28%Mn alloy 
 
6.2.6 TEM of specimens deformed to 0.34 true strain at RT 
 
The microstructure shows extensive grain refinement from secondary deformation structures 
after 0.34 true strain at RT in all three steels as illustrated in Figures 6-12a and b for the 22 and 
28%Mn alloys, respectively. Figure 6-12a shows mechanical twinning in the 22%Mn alloy 
which had not been observed at lower strains. The TEM image in Figure 6-12b shows a refined 
microstructure consisting of mechanical twinning in two variants in the 28%Mn alloy after 
deformation to 0.34 true strain at RT. In several areas in Figure 6-12b the mechanical twins are 
bowed indicating a high degree of intra-granular lattice misorientation and inhomogeneous 
deformation.  
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Figure 6-12 – TEM micrographs of mechanical twinning after 0.34 true strain in (a) the 22%Mn alloy 
and (b) two variants in the 28%Mn alloy. 
 
6.2.7 TEM of specimens deformed at 400°C 
 
The microstructure of the three alloys during deformation at 400°C is controlled by dislocation 
glide. Secondary deformation mechanisms were not observed. The TEM micrograph in Figure 6-
13 of the 25%Mn alloy after 0.18 true strain shows a cellular dislocation structure but no 
evidence of secondary deformation mechanisms. 
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Figure 6-13 – BF TEM micrograph of the microstructure of the 25%Mn alloy after deformation to 0.18 
true strain at 400°C. 
 
6.3 Thermodynamic Evaluation of ∆𝑮𝒕𝒐𝒕𝒂𝒍
𝒇𝒄𝒄→𝒉𝒄𝒑 
   
Several authors have employed Equation (6-1) to calculate the SFE of high-Mn steel as a 
function of temperature and to predict the deformation mechanisms [3] [34] [35] [98]. 
𝛾𝑒𝑥𝑝 = 𝑛𝜌�∆𝐺𝑡𝑜𝑡𝑎𝑙𝑓𝑐𝑐→ℎ𝑐𝑝 + 𝐸𝑠𝑡𝑟� + 2𝜎𝛾 𝜀�                                         (6-1) 
However, the temperature dependencies of Estr and 𝜎
𝛾
𝜀�  are not well understood, leading to 
greater uncertainty in calculated SFE values above RT. Therefore, the prediction of the 
secondary deformation mechanisms could be simplified if they exhibit good correlation with 
∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝 for different temperatures and Mn content. The value of ∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝 is shown in 
Figure 6-14 for the 22, 25 and 28%Mn alloys as a function of deformation temperature from 0 to 
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300°C. The maximum increase in the surface temperature of the sample due to heat generated 
during tensile testing is ~5°C at the point of necking just prior to failure, as measured by a 
thermal camera during a RT test of the 28%Mn alloy (Figure 6-15). The calculated difference in 
the internal temperature (the region where the TEM specimens were taken from) and surface 
temperature of the sample was found to be negligible. The increase in sample temperature is 
likely limited due to the quasi-static strain rate employed (4x10-4 s-1) and the use of sub-sized 
tensile specimens with greater surface to volume ratios. Consequently, the small increase in 
sample temperature due to deformation has been neglected. Five approximate ranges of 
∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝, each corresponding to a set of secondary deformation mechanisms, are listed on 
Figure 6-14. In order of increasing value of ∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝, the deformation mechanisms change 
from: 1) glide and ε/α-martensite (-90 J mol-1) to; 2) glide, ε/α-martensite and mechanical 
twinning (-90 to 26 J mol-1) to; 3) glide, mechanical twinning and ε-martensite (~26 to 174 J 
mol-1) to; 4) glide and mechanical twinning (~174 to 460 J mol-1) and to; 5) only dislocation 
glide (~>460 J mol-1). The ranges are established from observations of the microstructure and 
strain-hardening behavior of the alloys in the present work and that of other investigations on 
similar Fe-Mn-(Al-Si) steels (Fe-26.5Mn-2.8Al-3.0Si [2] and Fe-23.8Mn-2.7Al-3.0Si [158]). In 
addition, at 200°C, alloys of similar composition were reported to deform by glide only [2]. 
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Figure 6-14 –Calculated values of ∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝 vs. temperature for the Fe-22/25/28Mn-3Al-3Si wt.% 
steels. The ranges of ∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝 associated with specific types of deformation mechanisms are listed. 
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Figure 6-15 – Thermal images of a sub-sized tensile specimen during deformation of the 28%Mn alloy. 
The plastic strain (φ) is indicated to the left of the respective image and the temperature key is provided 
on the right. 
 
6.4 Factors Influencing Yield Strength 
 
The RT yield strength of the 22%Mn alloys is 293±3 MPa and is ~12% (~32 MPa) greater than 
the yield strengths of the 25 and 28%Mn alloys which are 264±5 and 259±2 MPa, respectively. 
Additions of Mn cause a reduction in yield strength (negative solid solution strengthening). The 
25 and 28%Mn alloys are fully austenitic in the recrystallized condition and additions of Mn 
from 25 to 28 wt.% result in a decrease in yield strength of ~2 MPa per wt.%, agreeing well with 
a small decrease of 1.6 MPa per wt.% addition of Mn for Fe-xMn-2Al-0.7C (x=16,18 and 20 
wt.%) alloys reported by De Cooman et al. [6]. Therefore, solid solution strengthening from Mn 
126 
 
reduction cannot entirely explain the difference in yield strength between the 22 and 25/28%Mn 
alloys. The 22%Mn alloy contains a small amount (<1 vol.%) of ordered BCC particles (5 to 10 
μm in size) interspersed within the softer austenitic matrix which also contribute to the increased 
strength. The increase in yield strength of the 22%Mn alloy compared to the 25 and 28%Mn 
alloys for test temperatures from 100 to 400°C is ~6% which is still less than the 12% observed 
at RT. Therefore, it is proposed that the lower dislocation mobility and suppression of cross–slip 
in the 22%Mn alloy, which is facilitated by its low SFE (15 mJ m-2), limits the possible slip 
systems and increases the average Taylor factor, requiring additional normal stress to initiate 
dislocation movement and plastic deformation. This is reinforced by microstructural 
observations of the 22%Mn alloy at RT where no cross slip is observed and dislocations exhibit 
large dissociation widths (e.g., Figures 5-2 a, b and c and 6-7 a and b). Therefore, the individual 
contributions to the ~32 MPa increase in yield strength of the 22%Mn alloy compared to the 
25/28%Mn alloys may be attributed to the low SFE (~16 MPa), solid solution strengthening due 
to Mn reduction (~9 MPa) and a small volume of harder BCC particles (~7 MPa).  
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Figure 6-16 – Ordered BCC precipitate observed using a [100] zone axis in the Fe-22Mn-3Al-3Si alloy 
after 0.18 true strain. The inset shows the [100] BCC SAD pattern with additional spots of faint intensity 
arising due to the ordered structure. 
 
6.5 Microstructural Influence on Strain-Hardening (0 to 0.1 True Strain) 
 
Initial (stage 1, Figure 6-1b) strain-hardening is characterized by a sharp decrease in the strain-
hardening rate for each alloy similar to classical stage III hardening of FCC materials [156]. The 
22%Mn alloy has the lowest SFE (15 mJ m-2) of the three materials and the highest RT strain-
hardening rate in this stage, particularly from 0-0.03 true strain at RT as show in the inset of 
Figure 6-1b. The low SFE of this alloy strongly impedes cross slip and confines dislocations to 
single slip planes as evidenced by Figures 6-7a and b. In addition to reducing dislocation 
mobility by limiting cross slip, large stacking faults and ε-martensite lath structures form at low 
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strains (<0.03 true strain) in this alloy and serve as impediments to dislocations gliding on non-
coplanar slip planes as shown in Figure 6-7b. Such extensive grain refinement at low strains due 
to strain-induced planar defects was observed only in the 22%Mn alloy at RT. The negative 
value of ∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝 (-88 J mol-1) in the 22%Mn alloy at room temperature favors ε-martensite 
over mechanical twinning (see Table 6-1). Since the formation of ε-martensite does not require a 
critical dislocation density in the way that mechanical twinning does [20], it forms earlier in the 
deformation sequence. Consequently, the strain hardening of the 22%Mn alloy at low strains is 
superior to the 25 and 28%Mn alloys, as shown in Figures 6-1a and b. As the deformation 
temperature of the 22%Mn alloy is increased to 100°C, the value of ∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝 reaches 140 J 
mol-1 and the formation of ε-martensite is largely suppressed and a substantial decrease in the 
strain-hardening rate at low strains is observed (see Figure 6-2a).  
 
The 25%Mn alloy has a SFE of 21 mJ m-2 and shows both planar and wavy deformation 
characteristics after 0.03 true strain at RT, as evidenced by staking faults and dislocations with 
curvature in Figure 6-7c. Wavy deformation characteristics are typically associated with greater 
dislocation mobility and ease of cross slip [159]. The curvature of the dislocations can be 
exacerbated due to glide of specific segments on different slip planes. Figure 6-7c shows some 
dislocations which appear constricted in BF imaging exhibiting a high degree of curvature.  
Wavy deformation characteristics were not observed in the 22%Mn alloy at RT. Therefore, the 
beginning of the transition from planar to wavy slip in these alloys coincides with an increase in 
SFE from 15 to 21 mJ m-2. The greater dislocation mobility at low strains due to increase ability 
for cross slip and fewer strain-induced planar obstacles results in a lower RT hardening rate than 
is observed in the 22%Mn alloy at low strains (0-0.1 true strain).  
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The SFE of the 28%Mn alloy is 39 mJ m-2 and the microstructure at 0.03 true strain is more 
typical of a medium SFE alloy, with wavy dislocations that are predominately constricted like 
those in Figure 6-7d. The dislocation structure indicates that cross slip is more favorable and 
dislocation mobility is greater in this alloy due to a higher SFE. Consequently, the formation of 
dislocation tangles and areas of increased dislocation density are common, like those in Figure 6-
7d, rather than the planar dislocation structure observed in the 22%Mn alloy. The RT strain-
hardening rates at low strains (<0.1 true strain) in the 28%Mn alloy are slightly lower than the 
25%Mn alloy and substantially lower than that of the 22%Mn alloy at RT.  
 
Stage 1 strain-hardening has been shown to depend on material, SFE, temperature and strain-rate 
and is typically associated with dynamic recovery processes including cross-slip, annihilation of 
screw dislocations with opposite signs and the formation of low-energy dislocation structures 
(LEDS) like tangles and cells [19] [156] [157] [160] [161] [162] [163]. However, the hardening 
behavior of the present alloys in stage 1 is remarkably similar for all alloys and test temperatures, 
except for the 22 and 25%Mn alloys at RT, which exhibit greater strain-hardening (particularly 
the 22%Mn alloy). Thus, stage 1 strain-hardening in the present alloys is enhanced by lowering 
the SFE below 21 mJ m-2 , due to suppression of cross-slip and the formation of ε-martensite 
laths which impede glide, but is relatively insensitive to increases in SFE above 21 mJ m-2, 
where cross slip is observed.  
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6.6 Microstructural Influence on Strain Hardening (0.1 to 0.34 True Strain) 
  
 
After 0.1 true strain at RT in the 22%Mn alloy, εhcp-martensite laths were identified by SAD in 
nine of twenty grains surveyed, exhibiting significantly higher activity than mechanical twinning 
in the 25 and 28%Mn alloys after the same deformation. Some grains, such as the one in Figure 
6-8b contained laths in multiple non-coplanar systems which serve as strong impediments to 
dislocations gliding in all slip systems. Even in grains where ε-martensite could not be directly 
identified by SAD, a high density of stacking faults was observed in multiple slip systems like 
that in Figure 6-8a. The formation of αbcc-martensite is insignificant at this strain (see Figure 6-
4). Therefore, a high density of stacking faults and the formation of εhcp-martensite is primarily 
responsible for the enhanced strain-hardening in stage 2a of the 22%Mn alloy at RT compared to 
the other compositions. This point is reinforced by the strain-hardening behavior of the 22%Mn 
at 100°C, where the formation of εhcp-martensite is substantially less favorable (see Figure 6-14), 
and stage 2a is non-existent (see Figure 6-2a). The beginning of stage 2b at RT is characterized 
by a 2nd inflection in the strain-hardening rate at ~0.15 true strain which leads to a decrease in the 
hardening rate until 0.25 true strain. The decrease is attributed to diminishing mean free path 
reduction. Gutierrez-Urrutia and Raabe [14] showed that the hardening of TWIP steels could be 
modeled in terms of a dislocation mean free path approach (where the mean free path is 
governed by parameters such as the spacing between mechanical twins). As the formation of new 
εhcp-martensite will preferentially thicken existing laths, leading to larger, more energetically 
favorable regions of ABAB stacking like those in Figure 6-8b, the rate of mean free path 
reduction will diminish [52] [53]. The onset of stage 2c occurs with a third inflection (upward) in 
the strain hardening rate at 0.25 true strain. This inflection coincides with the maximum rate of 
131 
 
αbcc-martensite formation (see Figure 6-4). Grässel et al. observed a similar inflection in the 
strain-hardening rate that corresponded to high rates of αbcc-martensite transformation in 
Fe15/20Mn-3Al-3Si steels [2] as did Tomota et al. in an investigation of binary Fe-Mn alloys 
[67].  
 
Observations of the microstructure of the 25%Mn alloy after 0.1 and 0.18 true strain revealed ε-
martensite lath structures and mechanical twinning. The ratio of grains with mechanical twins vs 
ε-martensite was ~2:1 and did not change significantly from 0.1 to 0.18 true strain as indicated in 
Table 6-1.The formation of ε-martensite is less intense in the 25%Mn alloy than in the 22%Mn 
alloy, resulting in lower strain-hardening rates from 0.08 to ~0.25 true strain.  
 
From 0.12 to 0.34 true strain at RT the 28%Mn alloy exhibits a nearly constant strain hardening 
rate of 0.022, which is attributed to grain refinement and reduction of the mean free path of 
dislocation glide by both dislocation substructure evolution and mechanical twinning (see 
Figures 6-10a and b, 6-11b and 6-12b). Mechanical twinning plays an important role in the 
deformation behavior of the 28%Mn alloy, but only after 0.1 true strain and the transition from 
stage 1 to 2 (based on observations of the strain-hardening rates in the 28%Mn alloy from RT to 
400°C, figure 6-2c). This observation is in agreement with Gutierrez-Urrutia and Raabe [14], 
who found that the transition from stage a to b strain-hardening of an Fe-22Mn-0.6C TWIP steel 
was caused by evolution of the dislocation substructure rather than mechanical twinning. 
However, these observations contrast with the work of Asgari et al. [157], who specifically 
attributed the interruption of stage 1 and the onset of stage 2 in low SFE alloys MP35N and 
70/30 brass to primary mechanical twinning. 
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6.7 Summary and Conclusions 
 
The influence of SFE and ∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝 on the microstructural and strain-hardening evolution of 
three Fe-22/25/28Mn-3Al-3Si alloys was investigated. Secondary deformation mechanisms such 
as αbcc/εhcp-martensite formation and/or mechanical twinning are activated at specific SFE and/or 
∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝 values and strongly contribute to the excellent mechanical properties of these 
materials. The following conclusions were drawn from this work: 
i. A SFE of 15 mJ m-2 (Fe-22Mn-3Al-3Si at RT) resulted in a highly planar microstructure, 
suppression of dislocation cross-slip, and αbcc/εhcp-martensite transformation as the dominant 
secondary deformation mechanism. The onset of grain refinement due to εhcp-martensite in 
multiple slip systems occurs from the beginning of plastic deformation and provides superior 
work-hardening at low strains (0-0.1 true strain). At intermediate strains (0.1-0.34 true 
strain), εhcp-martensite formation combined with αbcc-martensite transformation provides 
sustained normalized strain-hardening rates from 0.024 to 0.022.  
ii. For a SFE of 21 mJ m-2 (Fe-25Mn-3Al-3Si at RT) the dislocation structure exhibits both 
planar and wavy characteristics at low strains. The formation of mechanical twinning and 
εhcp-martensite are both observed at intermediate strains (0.1 to 0.34) and result in normalized 
strain-hardening rates between 0.023 and 0.022.  
iii. For a SFE of 39 mJ m-2 (Fe-28Mn-3Al-3Si at RT) dislocations are largely constricted at low 
strains (0 to 0.1 true strain), εhcp-martensite is absent, and the microstructure exhibits wavy 
slip and the formation of dislocation cell structures. Mechanical twinning begins to influence 
the strain-hardening behavior at ~0.1 true strain and causes a uniform strain-hardening rate of 
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0.022 from ~0.12 to 0.34 true strain. The strain-hardening rates of all three alloys are nearly 
identical from 0.25 true strain to maximum uniform elongation. 
iv. The RT TUTSs and maximum uniform elongations of the Fe-22/25/28Mn-3Al-3Si alloys are 
1172±19/1136±9/1104±14 MPa and 72±2/77±2/75±1%, respectively. Increasing the SFE 
from 15 to 21 mJ m-2 (corresponding to the transition from TRIP to TWIP dominated 
behavior) causes a small decrease in strength and increase in ductility. Remarkably, 
increasing the SFE from 21 to 39 mJ m-2 alters the deformation mechanisms but has little 
effect on the mechanical properties, as strength and ductility decrease only by ~3%.    
v. Increasing the deformation temperature from 25 to 200°C results in suppression of the 
secondary deformation mechanisms and a severe loss in strength and ductility (toughness 
decreases from ~ 496 at RT to ~212 mJ m-3 at 200°C) in all three alloys.  
vi. The deformation mechanisms exhibit a strong correlation with the relative FCC/HCP phase 
stability, ∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝 (J mol-1), as it is changed by increasing the temperature and/or additions 
of Mn. The formation of ε-martensite occurs up to values of ∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝=175 J mol-1, while 
mechanical twinning is active in the range of -90 to 460 J mol-1. The value of ∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝 may 
be used as a simple method to predict the deformation mechanisms of Fe-Mn-(Al-Si) steels.  
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CHAPTER 7 
 
 
FUTURE WORK 
 
 
Several areas of high-Mn steel research require additional investigation in order to further the 
development and understanding of these materials. A few of these areas are laid out in the 
following sections, including: 1) segregation of atoms at defects and interfaces; 2) the influence 
of SFE on the microstructural and strain-hardening behavior of Fe-Mn-Cr-C-N Steels; 3) 
measurement of strain fields at mechanical twin boundaries and 4) high strain-rate 
microstructural characterization. The present author and collaborators have begun initial 
investigations on some of these topics for which preliminary data is presented. 
 
7.1 Segregation of Atoms at Defects and Interfaces in High Manganese TRIP/TWIP steels 
 
Segregation in high-Mn steels is an important topic due to its suspected impact on mechanical 
properties and also due to its deleterious effects: limited post-uniform elongation [6], a negative 
strain-rate sensitivity [4] and surface roughness [45]. Recent results show that Fe-22/25/28Mn-
3Al-3Si steels with low carbon content (200-600 ppm) exhibit dynamic strain aging (DSA) at 
elevated temperatures (200-500°C) and quasi-static strain rates (4x10-4 s-1). This occurrence is 
particularly interesting because the DSA may involve the diffusion of substitutional atoms at 
temperatures lower than expected. Figure 7-1 shows true stress vs. true strain curves of the Fe-
25Mn-3Al-3Si alloy from RT to 400°C. Serrations in the tensile curves are observed at 200°C 
and intensify with increasing temperature (up to 400°C) and higher total strain. The observations 
suggest that vacancy-assisted diffusion of solute atoms to dislocation cores is occurring while the 
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dislocations are at rest, thereby pinning the dislocations and requiring an increased break-away 
stress to free the dislocations from their solute atmospheres. The manifestation of this 
phenomenon is the serrations in the tensile curves. Interestingly, in Figure 7-1, the sample 
deformed at 300°C exhibits greater flow stress than the sample deformed at 200°C, suggesting 
the DSA may also be a strengthening mechanism. 
 
Figure 7-1 True stress vs. true strain curves for an Fe-25Mn-3Al-3Si alloy deformed at quasi-static strain 
rates. The insets show serrations in the flow stress at 200, 300 and 400°C. 
 
Preliminary atom probe tomography (APT) revealed local Mn and Si concentration gradients in a 
Fe-25Mn-3Al-3Si alloy. Figure 7-2 shows APT data with two iso-surfaces, bounding volumes 
deficient (<5.3 at.%) and enriched (>8.5 at.%) in silicon, oriented parallel to each another. A 
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one-dimensional concentration profile (Figure 7-2b) across these iso-surfaces in the direction of 
the arrow in Figure 7-2a indicates inhomogeneity of both Mn and Si increasing and decreasing 
inversely to each other in what resembles cross-core dislocation segregation.  
 
Future work should determine conclusively if solute atmospheres are developing around 
dislocation cores during high-temperature deformation and causing the DSA. Atom probe tips, 
fabricated from specimens that have been deformed at 400°C to 20 and 40% deformation (for 
sufficient dislocation density), should be observed with TEM prior to APT analysis to determine 
the spatial location of the dislocations, as shown in Figure 7-3. Subsequent atom probe analysis 
of the same tip would determine if solute atmosphere are occurring around the vicinity of 
dislocation cores. Performing TEM and APT on the same tip is challenging. Therefore, an 
alternative and less direct method to determine if segregation is occurring during high-
temperature deformation could be employed. In this method, APT analysis should be performed 
on specimens deformed at 400°C and to different levels of strain. A substantial increase in 
segregation with increasing strain would indicate that diffusion is occurring during deformation. 
At low strains and low dislocation density, vacancy assisted diffusion to dislocation cores should 
be low. Conversely, at strains of 40%, the tip will have a greater dislocation density as shown in 
Figure 7-4, and significantly more segregation would be expected. These investigations would 
provide an improved understanding of the basic science involving dislocation interactions with 
solute atoms during plastic deformation at elevated temperatures. 
 
 
137 
 
 
 
Figure 7-2 - (a) APT reproduction with iso-surfaces bounding zones deficient and enriched in Si 
indicated, (b) one dimensional concentration profiles across zones defined by iso-surfaces and (c) TEM 
image of APT tip from an Fe-25Mn-3Al-3Si alloy deformed 10% at 400°C 
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Figure 7-3 - Two-beam bright-field TEM images of dislocation structure in APT tip from an Fe-28Mn-
3Al-3Si alloy deformed 3% at 400°C using (a) a [1-11] g-vector and (b) a [-200] g-vector causing the 
circled dislocation to go out of contrast. 
 
 
Figure 7-4 – TEM image of an atom probe tip of an Fe-28Mn-3Al-3Si deformed to 0.34 true strain 
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7.2 Influence of SFE on the Microstructural and Strain-Hardening Evolution in Fe-Mn-Cr-
C-N Steels. 
 
High-Mn TRIP and TWIP steels of typical Fe-Mn-(Al-Si-C) compositions are more susceptible 
to corrosion than Fe-Ni-Cr austenitic steels. However, new grades of Fe-Mn-Cr-C-N steels 
provide increased corrosion resistance over typical TWIP steels while still exhibiting good 
mechanical properties. Nonetheless, the compositions of these steels need to be optimized in 
order to achieve the optimal relative FCC/FCP phase stability to produce the best mechanical 
properties. This optimization involves the measurement and prediction of the SFE for these 
materials. Measuring the SFE using WBDF TEM to directly measure partial dislocation 
separations is the most accurate method. Figure 7-5 is a WBDF image showing a partial 
dislocation pair in an Fe-14Cr-16Mn-0.3C-0.3N steel with separations on the order of 8.3 to 10.9 
nm. Initial SFE measurements indicate the SFE is within the range of 18-26 mJ m-2 as shown in 
Figure 7-6. The theoretical partial-dislocation spacing’s corresponding to specific SFEs are based 
on Equation (1-4) using a shear modulus of 79 GPa and a Poison ratio of 0.28 (see Appendix A). 
A preliminary SFE value for this material is 22 mJ m-2. However, additional measurements are 
required to achieve statistical significance. The samples for SFE measurements should only be 
deformed to the yield point and be given thermal treatments, similar to those described in chapter 
2, in order to facilitate SFE measurements. Once additional SFE data points are obtained, the 
experimental SFE values can then be used to validate thermodynamic SFE models, such as that 
proposed by Mosecker and Saeed-Akbari for Fe-Mn-Cr-N steels [17]. 
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Figure 7-5 – WBDF image of Shockley partial dislocations in an Fe-14Cr-16Mn-0.3C-0.3N steel 
deformed 1.5% 
 
 
Figure 7-6 - Actual partial dislocation separations vs. character angle for an Fe-14Cr-16Mn-0.3C-0.3N 
steel. The larger symbol corresponds to the dislocation in Figure 7-5. 
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7.3 Strain Measurements at Mechanical Twin Matrix Interfaces  
 
Mechanical twins serve as barriers to dislocation glide and TWIP steels containing carbon 
display significantly greater strain-hardening than Fe-Mn-Al-Si alloys. A reduction in dislocation 
mobility due to interstitial carbon is partially responsible for the difference in the strain 
hardening of the two alloys but is not a complete explanation. A recent review of high-
managnese steel by Bouaziz et al. [4] suggested “a deeper analysis of the effect of carbon on 
strain-hardening be conducted” to investigate what appears to be an increase in the efficiency of 
twins as obstacles. Idrissi, et al., [36] have shown that carbon content has a significant effect on 
the morphology and internal dislocation structure of deformation twins. Twins in the carbon 
containing steels were thinner and contained more sessile dislocations than steels without carbon 
which may make them more effective barriers to dislocation glide. Adler et al. [38] noted that 
during the twinning shear previous octahedral sites would become tetrahedral sites. As a result, 
carbon atoms situated in the larger octahedral sites could become trapped during the shear and 
the conversion to a tetrahedral site. The process would repeat on successive (111) planes as the 
twin grew in thickness during deformation. A subsequent lattice distortion and a hardening of the 
twin would be expected.  
 
A greater understanding of these defects and how they impede dislocation motion may be 
realized by analyzing their structure using high-resolution transmission electron microscopy 
(HRTEM) and making local strain measurements near the twin boundaries. Initial results have 
yielded important findings about the proper specimen preparation techniques, experimental 
procedures, and the structure of mechanical twin boundaries. Analysis of mechanical twins by 
HRTEM requires the twin habit plane be nearly perpendicular to the foil surface to permit 
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observation of the twin in the high-resolution TEM.  The region of interest must be thin and free 
of sample bending in order to facilitate sample tilting with a computer controlled stage. Finding 
regions of the sample that meet these requirements is best done using conventional TEM prior to 
observation using HRTEM. A region of a Fe-25Mn-3Al-3Si sample suitable for HRTEM is 
shown in in a conventional TEM image in Figure 7-7. The mechanical twins (indicated by 
arrows) terminate at the sample hole where the specimen is thin. Figure 7-8 shows an atomic-
resolution image of a mechanical twin in a Fe-16Mn-14Cr-0.3C-0.3N alloy deformed to 20%. 
These images can be used to measure the displacements of columns of atoms relative to each 
other to determine the strain fields near the twin boundary.  
 
Future work should focus on comparing the strain fields near twin boundaries in TWIP steels 
with and without interstitial C. The Fe-16Mn-14Cr-0.3C-0.3N and Fe-22/25/28Mn-3Al-3Si 
alloys are well suited for this work, as they are easy to electro-polish and produce high-quality 
TEM samples. The samples should be deformed to about 20% to introduce a sufficient amount of 
mechanical twins.  This work will enable a deeper understanding of the structure of mechanical 
twins and their interactions with dislocations and may explain why TWIP steels with C exhibit 
superior strength. 
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Figure 7-7 – Conventional TEM image of an area (red circle) containing mechanical twins (identified by 
arrows) potentially suitable (thin, free of bends, with mechanical twins terminating at the sample hole) for 
HRTEM in an Fe-25Mn-3Al-3Si alloy deformed 20%. 
 
Figure 7-8 - The image displays atomic resolution of a mechanical twin, ~2 nm wide in an Fe-16Mn-
14Cr-0.3C-0.3N sample deformed 20%. The atomic positions and the interface between the matrix and 
the twined crystal are directly observed. 
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7.4 High Strain-Rate Microstructural Characterization  
 
High strain-rate testing is important for TRIP/TWIP steels given their potential use in automobile 
structures. There have been numerous studies on the mechanical properties of these steels under 
high strain rates [2] [3] [164] [165]. At high strain rates the testing becomes significantly more 
complex, and above 10 s-1 multiple waves are reflected within the load cell and must be 
considered in load measurements. Strain measurements are often made with non-contact optical 
extensometers or lasers [166]. The International Iron and Steel Institute (ISIJ) released their 
official recommendations for dynamic testing ~7 years ago [166]. A fundamental difference 
between quasi-static strain-rate and high strain-rate testing is the introduction of inertial effects 
and quasi-adiabatic heating [165]. The ISIJ states that the temperature of the tensile specimen 
can be raised by as much as 60°C when strained at a rate of 1000 s-1 [166]. Other reports cite an 
increase of greater than 100°C during high strain-rate testing [20] [165].  
 
The influence that these combined inertial and thermal effects have on the microstructural 
evolution has not been well studied. This is due in large part to the difficulty in interrupting a 
high strain-rate test prior to specimen failure (test duration on the order of milliseconds). 
Christian and Mahajan have stated that an increase in strain-rate generally leads to an increase in 
twinning activity [58]. It was also noted that some FCC materials that do not twin under quasi-
static deformation conditions, such as aluminum alloys, exhibit twinning under shock loading. A 
first-of-its-kind study by Choi et al. [167] compared the volume fraction of retained austenite in 
two different TRIP steels as a function of strain at rates up to 600 s-1. In this study, retained 
austenite transformed slightly quicker (as a function of strain) at higher strain rates. In another 
study, microstructural evaluation of an Fe-18Mn-1.22Al-0.56C alloy showed adiabatic shear 
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banding and twinning after ballistic testing at ~105 s-1 [168]. Given the sensitivity of the SFE to 
temperature and the adiabatic heating of the sample during tensile testing, an impact on the 
microstructure is expected.  Furthermore, the deformation mechanisms in certain alloys observed 
at quasi-static strain rates may be suppressed at high strain rates. For example, the 22%Mn alloy 
displays TRIP behavior at RT but twinning may be activated at higher strain rates given the 
increase in specimen temperature.  
 
Future work on high-strain rate testing should be performed using an alloy, such as the Fe-25Mn-
3Al-3Si alloy studied in the present work, which has been extensively characterized and exhibits 
both ε-martensite formation and mechanical twinning at RT. Thus, any shift in the deformation 
mechanisms (e.g., from TRIP to TWIP behavior) will be readily apparent in the microstructure 
of specimens deformed at high strain-rates. The strain rates employed should approximate those 
experienced in automobile crashes (i.e., 10-1000 s-1). The use of non-uniform tensile specimen 
geometries (i.e., tapered shapes or specimens with multiple different cross sectional areas) 
should be employed as this could result in local areas of the specimen with different total strains 
after failure, eliminating the need for interrupting the test. Non-contact optical methods of strain 
and temperature measurement would be required.  
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CHAPTER 8 
 
 
General Conclusions 
 
 
The work reported here advances several key areas of TRIP/TWIP steel research, including; 1) 
the determination of the optimal thermo-mechanical processing routes of specimens and best 
TEM methods for SFE measurement, 2) the first measurements of the single-crystal elastic 
constants for several TRIP/TWIP steels and determination of the influence of antiferromagnetic 
ordering on the elastic anisotropy, 3) determination of the SFE and FCC/HCP interfacial energy 
using a combined experimental and theoretical method, and 4) development of semi-quantitative 
relationships among temperature, SFE, deformation mechanisms and mechanical properties.  
 
The optimal method of SFE measurement for the Fe-22/25/28Mn-3Al-3Si wt.% alloys is the 
direct measurement of partial-dislocation separations using WBDF imaging techniques. 
Extended nodes that formed in this alloy appeared asymmetric with varying sizes and were rarely 
isolated, precluding any meaningful measurements. The thermo-mechanical treatments utilized 
to prepare the tensile samples discussed in Chapter 3, coupled with tensile deformation to only 
the YP, resulted in the best microstructure (optimal grain size with minimal internal strain) for 
measuring partial-dislocation separations.  
 
A method to calculate single-crystal elastic constants from orientation-specific indentation 
moduli was proposed for use on polycrystalline cubic materials. The model yields single-crystal 
elastic constants to within a standard deviation of ~4% of established literature values. The 
method yields values of C11, C12 and C44 of 175±7/83±3/97±4 and 174±7/85±3/99±4 GPa for Fe-
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(22/25)Mn-3Al-3Si wt.% TRIP/TWIP alloys, respectively. For a Fe-18Mn-1.5Al-0.6C wt.% 
steel, with indentation data in the literature, the method yields elastic constants of 
169±6/82±3/96±4 GPa, showing good agreement with the Fe-Mn-Al-Si steels. These values 
represent some of the first experimental single-crystal elastic constants for TRIP/TWIP steels 
and can be utilized to account for anisotropic elasticity, as in references [82] [83] [85], to 
increase the accuracy of SFE measurements. Fe-(22/25)-3Al-3Si and Fe-18Mn-1.5Al-0.6C steels 
are magnetically disordered at room temperature and do not experience significant suppression 
of the shear term (C11-C12)/2 caused by antiferromagnetic ordering. As a result, the anisotropy 
ratios of the TRIP/TWIP steels, 2.11-2.22, are significantly lower than that of ~3.5-3.9 for binary 
Fe-30-40Mn at.% alloys with similar composition but in the antiferromagnetic state. For TWIP 
steels in the antiferromagnetic regime at room temperature, such as the Fe-22Mn-0.6C grade, the 
elastic anisotropy is expected to increase. 
 
The effect of Mn content on the SFE was investigated by measuring dissociation widths of 
partial-dislocation pairs in three Fe-22/25/28Mn-3Al-3Si wt.% alloys, yielding SFE values of 15 
±3, 21 ±3 and 39 ±5 mJ m-2, respectively. The strain energy associated with the contraction in 
molar volume during the austenite to εhcp-martensite transformations was determined to be ~1-4 
mJ m-2, resulting in ideal SFE values of 14±3, 19±3 and 35±5 mJ m-2. A new thermodynamic 
model for the Fe-Mn-Al-Si-C system was proposed which determines the chemical and magnetic 
components of the difference in Gibbs free energy of the FCC and HCP phases. The new model 
provides improved agreement with experimental observations of the influence of Si on the SFE 
in Fe-Mn based alloys. The ideal SFE values were used in conjunction with the thermodynamic 
phase data to determine the FCC/HCP interfacial energies of the three Fe-22/25/28Mn-3Al-3Si 
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alloys. Additional calculations of the interfacial energy were made for Fe-Mn and Fe-Mn-C-
Al/Si alloys for which experimental SFE data are available in the literature. The calculated 
FCC/HCP interfacial energies ranged from 8.6 to 11.8 mJ m-2 for the TRIP/TWIP alloys. The 
range of 8.6 to 11.8 mJ m-2 is narrower than the 5 to 27 mJ m-2 range that has been employed in 
past SFE calculations [3] [34] [35] and should enhance the accuracy of future thermodynamic 
SFE models. The interfacial energy of the binary Fe-Mn alloys ranged from 15.7 to 32.5 mJ m-2. 
The present work shows a strong correlation between the value of the interfacial energy of Fe-
Mn-(Al,Si,C) steels and the difference in free energy of the FCC and HCP phases. An empirical 
relationship to describe the interfacial energy was proposed to improve the accuracy of SFE 
calculations. The combined thermodynamic model and empirical relationship exhibit good 
agreement with the present SFE measurements, and those in the literature, making it a useful tool 
for the design of high-Mn TRIP/TWIP steels.  
 
The influence of SFE and ∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝 on the microstructural and strain-hardening evolution of 
three Fe-22/25/28Mn-3Al-3Si alloys was investigated. Secondary deformation mechanisms such 
as αbcc/εhcp-martensite formation and/or mechanical twinning are activated at specific SFE and/or 
∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝 values and strongly contribute to the excellent mechanical properties of these 
materials. A SFE of 15 mJ m-2 (Fe-22Mn-3Al-3Si at RT) resulted in a highly planar 
microstructure, suppression of dislocation cross-slip, and αbcc/εhcp-martensite transformation as 
the dominant secondary deformation mechanism. The onset of grain refinement due to εhcp-
martensite in multiple systems enhanced the strain-hardening at low strains in this alloy. For a 
SFE of 21 mJ m-2 (Fe-25Mn-3Al-3Si at RT) the dislocation structure exhibits both planar and 
wavy characteristics at low strains. Mechanical twinning is the dominant secondary deformation 
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mechanism in this alloy and influences the strain-hardening after 0.1 true strain. The formation 
of εhcp-martensite plays a smaller role in the deformation and αbcc-martensite is completely 
suppressed. For a SFE of 39 mJ m-2 (Fe-28Mn-3Al-3Si at RT) dislocations are largely constricted 
at low strains (0 to 0.1 true strain), εhcp-martensite is absent, and the microstructure exhibits wavy 
slip and the formation of dislocation cell structures. Mechanical twinning begins to influence the 
strain-hardening behavior at ~0.1 true strain  
 
The TUTSs and maximum uniform elongations of the Fe-22/25/28Mn-3Al-3Si alloys at RT are 
1172±19/1136±9/1104±14 MPa and 72±2/77±2/75±1%, respectively. As the SFE is increased 
from 15 to 21 mJ m-2 (corresponding to the transition from TRIP to TWIP dominated behavior) a 
small decrease in strength and increase in ductility is observed. As the SFE is increased from 21 
to 39 mJ m-2 the TUTSs and maximum uniform elongation remain nearly constant, decreasing by 
only 3%. Therefore, changes in the SFE from 21 to 39 mJ m-2 alter the deformation mechanisms 
but have little effect on the mechanical properties.   
 
Increasing the deformation temperature from 25 to 200°C results in suppression of the secondary 
deformation mechanisms and a severe loss in strength and ductility in each tested alloy 
(toughness decreases from ~ 496 at RT to ~212 mJ m-3 at 200°C).  The deformation mechanisms 
exhibit a strong correlation with the relative FCC/HCP phase stability, ∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝 (J mol-1), as it 
is changed by increasing the temperature and/or additions of Mn. The formation of ε-martensite 
occurs up to values of ~∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝=175 J mol-1, while mechanical twinning is active in the range 
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of ~-90 to 460 J mol-1. The value of ∆𝐺𝑡𝑜𝑡𝑎𝑙
𝑓𝑐𝑐→ℎ𝑐𝑝 may be used as a simple method to predict the 
deformation mechanisms of Fe-Mn-(Al-Si) steels. 
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APPENDIX A 
 
 
ULTRASONIC PULSE VELOCITY MEASURMENTS 
 
 
The shear moduli and Poisson’s ratios of four steels (Fe-22/25/28Mn-3Al-3Si and Fe-14Cr-
16Mn-0.3N-0.3C) were determined from ultrasonic pulse (transverse/shear and longitudinal) 
velocities. A Tektronix TDS 2001C oscilloscope, Olympus 5072PR pulser/receiver, 20 MHz 
delay line normal incident longitudinal transducer (CTS Valpey Corporation, part number DP 
202 20/.25) and a 10 MHz delay line normal incident shear transducer (CTS Valpey Corporation, 
part number SD 102-SL) were used to make ultrasonic pulse velocity measurements. The 
transducers were used in a pitch/catch method on flat sheets of material ranging from 1 to 1.5 
mm thickness which were polished in accordance with the methods described in Chapter 2. 
Soundsafe ultrasound couplant and molasses were used to couple specimens to the longitudinal 
and shear wave transducers, respectively. The pulse is introduced by the transducer normal to the 
specimen surface, travels through the material, is reflected by the opposite surface, and is 
received by the transducer. Multiple reflections (echoes) occur in the specimen before the pulse 
is dissipated. The longitudinal (vl) and transverse (vt) velocities are obtained from the path length 
(twice the specimen thickness) divided by the transit time (obtained from the time between the 
crests of the leading wave of successive echoes [121]). The initial pulse and eight trailing echoes 
are shown in Figure A-1a for the Fe-28Mn-3Al-3Si alloy at RT. Figure A-1b shows only the 
second and third echoes and indicates the transit time. An error associated with the transducer 
and transducer/specimen coupling is included in measurements of the transit time. Following 
Neighbours [169], the transit time error is determined by plotting the transit time vs. specimen 
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thickness of the same material for several different thicknesses (type 304 steel was used to 
determine the transit time error). The transit time vs. specimen thickness for the type 304 steel is 
presented in Figure A-2 and indicates that the transit time error is ~0.0024 and 0.0044 μs for 
longitudinal and transverse waves, respectively, for the current experimental setup.  
 
Figure A-1 – (a) Volts vs. time (μs) for an ultrasonic pulse and 8 echoes in and Fe-28Mn-3Al-3Si alloy at 
RT. (b) amplitude vs time showing the transit time between the second and third echoes (as measured 
from the apex of the leading edge of each echo). 
 
Figure A-2 – Transit time for longitudinal and transverse waves vs. specimen thickness for type 304 
steel. 
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The shear moduli (G) and Poisson’s (ν) ratios are determined from the transverse and 
longitudinal sound velocities by Equations A-1 and A-2, respectively [121]:  
G = ρvt2                                                                           (A-1) 
ν = 1
2
�vl
2−2vt
2�
�vl
2−vt
2�
                                                                        (A-2) 
where ρ is the density of the material. The longitudinal and transverse sound velocities, density, 
Young’s modulus, shear modulus and Poisson’s ratio at room temperature are presented in Table 
A-1. Additional transverse velocity measurements were obtained from ~ -15 to 60°C for the Fe-
25/28Mn-3Al-3Si alloys and the shear moduli calculated from these measurements are shown in 
Figure A-3. The reduction in shear modulus below room temperature is attributed to 
antiferromagnetic ordering [4] [48] [132]. 
 
Table A-1 – Longitudinal and transverse sound velocities, density, Young’s modulus, shear 
modulus and Poisson’s ratio for the Fe-22/25/28Mn-3Al-3Si alloys and a Fe-14Cr-16Mn-0.3N-
0.3C steel. 
Material vl (μm μs-1) vt (μm μs-1) ρ (g cm-3) E (GPa) G (GPa) ν 
Fe-22Mn-3Al-3Si 5561±94 3054±40 7.39 184±2 69±2 0.26±0.01 
Fe-25Mn-3Al-3Si 5478±43 3070±22 7.38 177±2 69±2 0.27±0.01 
Fe-28Mn-3Al-3Si 5516±22 3067±22 7.35 179±2 69±2 0.27±0.01 
Fe-14Cr-16Mn-
0.3N-0.3C 
5756±50 3180±91 7.83 203±2 79±1 0.28±0.01 
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Figure A-3 – Shear modulus vs. temperature for 25 and 28%Mn alloys. 
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